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Abstract 

 III-Nitride materials are promising for a wide range of important applications. 

However, certain challenges exist in their use related to technological obstacles such as 

lack of native, lattice-matched substrates, and the resultant high defect density in 

synthesized materials for devices. This work presents research on lattice engineering of 

III-Nitride alloys, and their structural, optical, and electrical properties in in relation to 

the characteristics needed for specific applications. We demonstrated the non-

destructive and quantitative characterization of composition-modulated nanostructures 

present in InAlN thin films grown using molecular beam epitaxy (MBE) with X-ray 

diffraction. We found that the development of the nanostructure depends on growth 

temperature, and the composition modulation impacts carrier recombination dynamics. 

We also showed that the controlled relaxation of a very thin AlN buffer (20 ~ 30 nm) or a 

graded composition InGaN buffer can significantly reduce the defect density of a 

subsequent epitaxial layer. Finally, we synthesized InAlGaN thin films and a multi-

quantum-well structure. Significant optical emission enhancement in the UVB range 

(280 – 320 nm) was observed compared to AlGaN thin films. The nature of the 

enhancement was investigated experimentally and numerically, suggesting that this 

performance enhancement arises from carrier confinement at In-based localization 

centers.      
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1. Introduction  

1.1. Motivation 

III-Nitrides have been under development for over a century since AlN was first 

synthesized in 1907 by Fischter.1 III-Nitrides refer to GaN, AlN, InN and their ternary 

and quaternary alloy semiconductors. They are excellent wide bandgap materials for 

modern electronic and optical device applications. A breakthrough in the synthesis of 

III-Nitride materials occurred in 1971 with the deposition of GaN by hydride vapor 

phase epitaxy (HVPE), followed by success using metalorganic chemical vapor 

deposition (MOCVD) and molecular beam epitaxy (MBE), which provided a controllable 

environment for the synthesis.1 The use of low temperature buffer layers in 1983 enabled 

the creation of device-quality crystalline GaN, and the achievement of p-type GaN by 

Mg doping and thermal activation directly led to the possibility of practical devices 

based on GaN.1  As a result, research efforts on the binary III-Nitrides increased 

exponentially in the early 90’s. At the same time, the industry started investing heavily 

on commercializing GaN-based blue light emitting diodes (LEDs). From the late 90’s to 

the beginning of the new century, the main focus of III-Nitride research has transitioned 

to the ternary InGaN and AlGaN as their promise for applications including LEDs, 

lasers, and high electron mobility transistors (HEMT). However, comparatively little 

effort has been put into the research of the ternary InAlN and the quaternary InxAlyGa(1-x-
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y)N as shown in Fig. 1.1, in spite of their unique properties not found in the traditional 

III-Nitride materials, which could potentially lead to the superior device performance. 

On the other hand, new epitaxial heterostructures and the rediscovery of the well-

studied III-Nitride materials open up unprecedented opportunities for novel 

applications.    

 

Figure 1.1 Historical III-Nitride material publication counts from google scholar search. 

1.2. III-Nitride materials 

1.2.1. Bandgap 

III-Nitrides exist either in a wurtzite or zinc-blende crystal structure. Although 

III-Nitrides can be synthesized in the zinc-blende crystal structure when grown on a 
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(001) cubic substrate, the wurtzite structure with hexagonal symmetry is the 

thermodynamically- 

stable form of the III-Nitrides.1 

 

Figure 1.2 Schematic of lattice constant vs. bandgap energy for III-Nitride in comparison 

with other semiconductor materials.2 

The extraordinary potential of III-Nitride materials is in part due to their direct 

and wide bandgaps. The bandgap energies of AlN and GaN are determined to be 6.2eV 

and 3.44eV, while InN has a relatively small bandgap energy of 0.7eV.3 The bandgap 

energies of the III-Nitrides alloys cover the spectrum from the infrared (IR) to the deep 

ultraviolet (DUV). A tunable bandgap energy over such a wide range is not achievable 

by any other compound semiconductors, which enables novel applications such as DUV 
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LEDs, blue/green lasers, and solar-blind detectors. Fig. 1.2 shows the bandgap energy 

versus lattice constant of III-Nitrides in comparison to other compound semiconductors.  

1.2.2.  Heterostructure and strain 

Heteroepitaxy is the epitaxial growth of a semiconductor crystal on another 

different semiconductor crystal, as shown in Fig 1.3 a). The lattice mismatch of such 

heterostructure is ά ὥ ὥ ὥϳ , where ὥ and ὥ are the in plane free lattice constant 

of epi-layer and substrate. Pseudomorphic growth is when the lattices of an epi-layer are 

deformed elastically to comply with the substrate as shown in Fig 1.3 b). The in plane 

and out of plane strain induced by the deformation are ‐ ὥ᷆ ὥϳὥ and ‐ ὧ᷆

ὧϳὧ, where ὥ᷆ and ὧ᷆ are the deformed in plane and out of plane lattice parameters.4 

 

Figure 1.3 The schematics of a) heterostructure, and b) pseudomorphic growth. 5 
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1.2.3.  Substrate 

The primary challenge of III-Nitride growth rests in the lack of native substrates 

suitable to the III-Nitride materials. III-Nitride materials have strong chemical bonding 

and high melting points of over 1700ᴈ for GaN and 3000ᴈ for AlN,1 and the traditional 

melt-based bulk crystal synthesis is not applicable to III-Nitride material. Although a lot 

of effort has been put into the high-pressure and high-temperature growth of GaN bulk 

crystal over the past two decades, these methods are still not practical in scalability. 

Presently, III-Nitrides are most commonly grown on foreign substrates, such as Al2O3, 

SiC and Si. However, as shown in Table 1.1,1 these substrates have large lattice 

mismatches with GaN of 16%, 3.77% and -17% respectively. 

Table 1.1 Lattice parameters of III-Nitrides with substrate materials. 1  

 GaN AlN InN Al2O3 Si 4H-SiC GaAs 

Lattice constant 

(Å ) 

a=3.1891 

c=5.1855 

a=3.112 

c=4.982 

a=3.5365 

c=5.7039 

a=4.758 

c=12.991 
5.4310 

a=3.073 

c=10.05 
5.653 

Effective lattice 

constant a (Å ) 
3.189 3.112 3.536 2.747 3.840 3.073 3.997 

Lattice mismatch 0% 2.5% -9.8% 16% -17% 3.8% -20% 

 

The difficulty is also in part due to the largely different thermal expansion 

coefficient between III-Nitride and common substrates. Cracks can be generated during 

the cool down process after growth, leading to detrimental effects such as current 
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leakage. The thermal expansion coefficients, ‌ ὥὲὨ ‌ȟ  of III-Nitride materials and the 

common substrates for III-Nitride growth are listed in Table 1.2. 

Table 1.2 Thermal expansion coefficients ‌ ὥὲὨ ‌ of III-Nitride material and other 

materials as common substrates at room temperature. 6 

Material GaN AlN InN SiC Sapphire Si 

‌ ρπὑ  3.1 2.9 3.6 3.2 4.3 2.6 

‌ ρπὑ  2.8 3.4 2.6 3.2 3.2 2.6 

 

1.2.4. Polarization 

1.2.4.1. Spontaneous polarization 

 

Figure 1.4 The non-centrosymmetric wurtzite structure of GaN. The polarization charge 

type at the interface depends on the growth direction. 7 
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High-density polarization-induced sheet carriers are one of the most important 

characteristics of III-Nitride heterojunctions which leads to various applications in high 

performance electronics. 8 The polarization-induced charges in III-Nitrides are 

contributed by spontaneous and piezoelectric polarization. The non-centrosymmetric 

wurtzite crystal structure as shown in Fig. 1.4 causes spatial separation of positive and 

negative charge centers along c-axis giving rise to nonzero net charges at the surfaces 

called spontaneous polarization charges. Ga-face (0001) and N-face (000ρ) surfaces can 

be used for growth, the polarization field points from the metallic cation (In, Ga, Al) to 

the nitride anion (N) along the c axis. As a result, depending on the growth direction, the 

spontaneous polarization charge at the surface can be either positive or negative. Table 

1.3 listed the spontaneous charge, ὖ , of the binary III-Nitride materials assuming a Ga-

face surface.  

Table 1.3 Spontaneous polarization charge density of III-Nitride at the Ga-face surface. 6 

Material GaN AlN InN 

ὖ  ὅά  -0.029 -0.081 -0.032 

 

ὖ  of the ternary and quaternary III-Nitrides can be interpolated between the 

alloy endpoints. The ὖ  at the interface of the heterostructure is calculated by 

subtracting the ὖ  of the two adjacent material at the interface respectively. 

Polarization- induced sheet charges are formed at the interface of the heterostructure 
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with non-zero polarization charge, for example, the two-dimensional electron gas 

(2DEG) at InAlN/GaN and AlGaN/GaN interfaces result from non-zero positive 

polarization charges. 

1.2.4.2. Piezoelectric polarization 

On the other hand, the separation of charge centers induced by mechanical 

stress, such as in heterostructures, generates piezoelectric polarization charges. The 

spontaneous and piezoelectric polarization charges combined give rise to sheet carriers 

with densities over 1013cm-2 in heterostructures such as InAlN/GaN and AlGaN/GaN.5 

The high density sheet carriers can be used to create conductive channels in high speed 

transistors such as HEMTs.6 The piezoelectric polarization charge density ὖ  is 

calculated using: 6  

ὖ ς
ὥ ὥ

ὥ Ὡ Ὡ    (1.1) 

In (1.1), Ὡ  are the piezoelectric constants, ὅ  are the elastic constants, ὥ and 

ὥ are the strained and relaxed lattice parameters, which are given in Table 1.4. 
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Table 1.4 Piezoelectric constants and lattice parameters of III-Nitride binary materials. 6 

Material GaN AlN InN 

ὅ (GPa) 106 108 92 

ὅ (GPa) 398 373 200 

Ὡ ὅά  -0.49 -0.6 -0.57 

Ὡ ὅά  0.73 1.46 0.97 

1.2.4.3. Polarization-induced sheet charge 

Polarization-induced sheet charges can be used to create carrier channels with 

carrier density up to ρπ ὧά , enabling superior conductivity compared to the 2DEG 

channels in traditional III-V heterostructures such as AlGaAs/GaAs high electron 

mobility transistors (HEMTs). The calculated 2DEG densities at InAlN/GaN and 

AlGaN/GaN interfaces are shown in Fig. 1.5.6  
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Figure 1.5 Calculated interface polarization induced sheet charge density ȿ„ȿ of a) InxAl(1-

x)N/GaN structure b) AlxGa(1-x)N structure. 

1.2.5. Defects 

1.2.5.1. Lattice Relaxation 

 

Figure 1.6 The schematic of misfit dislocation and relaxation. 7 
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Pseudomorphic heterostructures can only sustainstrain up to certain thickness 

before misfit dislocations are generated to release the strain a phenomenon which is 

called relaxation as shown in Fig 1.6. The thickness at which relaxation occurs is called 

the critical thickness.  The theoretical critical thickness can be estimated using a number 

of approaches one of which is the energy balance model developed by People and Bean 

and is related to the lattice mismatch by ρȾά .8 The critical thickness of III-Nitride 

heterostructures must consider the fact that the materials possess hexagonal lattices and 

the related energy of dislocation nucleation and glide in III-Nitrides. For example, the 

critical thicknesses of AlGaN/GaN and InGaN/GaN structures are calculated by Holec 

are inversely related to Al content, as shown in Fig. 1.7 a) and b). 9 

 

Figure 1.7 Theoretical calculation and experimental critical thickness of a) AlGaN/GaN 

and b) InGaN/GaN. 9,10 
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1.2.5.2. Defects 

Point defects, line defects, planar defects, and bulk defects are found in all 

semiconductors including the III-Nitride material family.   

According to first principle calculations of native point defects in GaN, Ga 

vacancies ὠ  and nitrogen vacancy ὠ  have the lowest formation energies in  n-type 

and p-type films, respectively. 11,12 Considering the fact that  almost all epitaxial GaN 

thin films are unintentionally doped (UID) n-type,  ὠ  are therefore the most prevalent 

native point defects. The electronic structure of ὠ  is predicted to be about 1eV above 

the valance band maximum. The transition between shallow donors and ὠ  states is 

proposed to be one of the origins of the “yellow luminescence” universally observed in 

GaN, as illustrated in Fig. 1.8.  

 

Figure 1.8 Schematic illustration of the transition from shallow donor to deep acceptor 

ὠ  leading to “yellow luminescence”. 13 
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Threading dislocations (TDs) a type of line defect are the most predominant 

defects in epitaxial III-Nitride materials. The c-plane in III-Nitride materials mainly 

contain three basic types of TDs with dislocation lines along the [0001] direction and 

Burgers vector ╫  πππρ for screw dislocations as in Fig. 1.8 a), ╫ ρȾσ ρρςπ  

for edge dislocations as in Fig. 1-9 b) and ╫ ρȾσ ρρςσ  for mixed dislocation. 14 The 

typical TD densities of III-Nitrides at the surface are in the range of 106 to 1011 cm-2, with 

edge dislocation density usually an order of magnitude higher than that of screw or 

mixed dislocations.15 The electrical properties of TDs in III-Nitrides are under debate. 16,17 

However, experimental results show strong correlation between non-radiative 

recombination and TDs. 18 TDs in III-Nitrides are generally considered to introduce  

energy levels in the bandgap acting as  non-radiative recombination centers. 19 First 

principal calculations have been used to show that both edge and screw TDs are 

electrically inactive. 17 However, experimental results show a cathodoluminescence (CL) 

intensity reduction around the TDs. 20,21 It is considered that the impurities trapped in 

the TDs, for example due to an open-core configuration, are responsible for the observed 

deep levels. 17  
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Figure 1.9 The schematics of a) screw dislocation and b) edge dislocation. 14 

 V-defects (or nano-pipes) are commonly observed in III-Nitrides as bulk defects, 

with pit-like surface morphology. The typical V-defect as shown in Fig 1.10 is an open 

hexagonal inverted pyramid with pyramidal walls in {1011} planes. 22 V-defects are 

usually found nucleating on top of open core screw dislocations. 17 The V-defects can be 

filled with excess metal or In-rich material in In-related III-Nitrides leading to carrier 

localization or leakage. 22 

 

Figure 1.10 The cross-section bright field transmittance electron microscopy (TEM) of V-

defects in an uncapped InGaN/GaN multiple quantum wells structure.  22 
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As mentioned earlier, heteroepitaxial thin film III-Nitrides on highly lattice-

mismatched substrate exhibit high dislocation densities. This microstructure is usually 

described using a mosaic model as shown in Fig. 1.11, in which the epitaxial thin film 

consists of multiple single crystal blocks with lateral and vertical diameters call the 

lateral coherent length and the vertical coherent length, respectively. 15 With the majority 

of dislocations in III-Nitrides being screw and edge dislocations running along the c-

axis, the vertical coherent length is mostly related to film thickness. The mosaic blocks 

are slightly misoriented to each other, and the average out of plane and in plane rotation 

are called tilting and twisting, respectively. Tilting of the mosaic blocks are distortions of 

the πππὰ plane related to screw and mixed dislocations, while twisting relates to edge 

and mixed dislocations due to an in plane distortion.15 

 

Figure 1.11 The schematic of mosaic block model of epitaxial thin film III-Nitride. 15 
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1.2.6. Phase separation 

The III-Nitrides ternaries are InGaN, AlGaN and InAlN. As mentioned above, 

the significant advantage of III-Nitrides over traditional materials lies in their tunable 

direct bandgaps with energies from 0.7 eV to 6.2 eV. However, the synthesis of III-

Nitride ternaries over their full composition ranges is not straightforward. This is in part 

due to their tendency to phase separate in the mid-range of their composition, or x = 0.3 

~ 0.7. The thermodynamic phase diagrams of III-Nitride ternaries are calculated using 

the ab initio total energy method as shown in Fig. 1.12.1 The phase diagram of AlGaN 

shows a very low critical temperature of 70 K, suggesting AlGaN is miscible at typical 

growth temperatures. However, at typical growth temperatures ( ρρππ K) for InxGa(1-

x)N and InxAl(1-x)N there are large miscibility gaps in the medium composition range, ὼ

πȢς ͯ πȢχ for InGaN and  ὼ πȢρυ ͯ πȢχυ for InAlN. 23, 24 

 

Figure 1.12 Phase diagram of temperature vs. composition of III-Nitride ternaries. The 

solid and dotted lines are the binodal and spinodal decomposition curves, respectively.1 
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 The suppression of phase separation by compressive strain is also reported. 25 

The miscibility gaps of InGaN/GaN and InAlN/GaN heterostructure are reduced with 

increased biaxial strain, as shown in Fig. 1.13.   

 

Figure 1.13 The phase diagram of a) InGaN/GaN and b) InAlN/GaN of different 

thickness calculated by generalized quasi-chemical approximation (GQCA). The dotted 

and solid lines are the binodal and spinodal decomposition curves. 25 

1.2.7.  Growth system 

Currently, III-Nitride materials are primarily synthesized using sputtering, 

HVPE, MOCVD and MBE.  

Sputtering is a thin film deposition process in which atoms are ejected onto the 

target by a momentum exchange with energetic particles and react forming chemical 

bonds at target surface. 6 Sputtering played an important role in the early phase of III-

Nitride growth, but due to the inherent low growth temperature and the lack of growth 
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environment control, sputtering tends to produce III-Nitride thin films with 

comparatively inferior crystalline quality.  

Hydride vapor phase epitaxy (HVPE) is a vapor deposition technique, in which 

group III precursors are formed in the hot reactor vessel from halogen compounds, and 

transported to the substrate to react with NH3 gas forming the III-Nitride compound 

material. HVPE is the dominate method for producing commercial high-quality GaN 

templates with GaN thicknesses over 5ʈÍ, due to the high growth rate over 40 ʈÍ/h.6 

However, achieving p-type III-Nitride materials using HVPE growth is challenging due 

to the high density of residual shallow donors in HVPE-grown III-Nitride materials. For 

example, the density of shallow donors in HVPE-grown GaN can reach 1018 to 1020cm-3, 

while traditional acceptors for compensation such as Mg are inefficient for reaction with 

the hot quartz reactor.26   

Metalorganic chemical vapor deposition (MOCVD) differs from HVPE mainly in 

using organometallic group III sources such as trimethylgallium (TMGa), 

trimethylaluminum (TMAl) and trimethylindium (TMIn) as precursors. P-type and n-

type dopants are available for III-Nitrides grown by MOCVD. Various device structures 

have been achieved using this technique, such as quantum wells (QWs), HEMTs, and 

metal-insulation-semiconductor field-effect transistors (MISFETs). In addition, the 

MOCVD process is beneficial for the high yield and scalability, enabling a wide range of 

commercial productions.   
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Molecular beam epitaxy (MBE) is a thin film deposition method in which atoms 

or molecules in the form of thermally-generated beams are transported to and react on 

the substrate surface to form an epitaxial film in an ultra-high vacuum environment.27 

MBE is considered capable of producing III-Nitride epitaxial film with equivalent 

electrical and optical properties such as carrier mobility and quantum efficiency as 

MOCVD,6 while possessing several unique advantages such as a low level of impurities, 

achieving monolayer growth control with abrupt interfaces, high p-type doping without 

the annealing processes, and in situ growth monitoring such as reflection high energy 

electron diffraction (RHEED). Depending on the nitrogen source, MBE for III-Nitride 

material growth can be further divided into plasma-assisted molecular beam epitaxy 

(PAMBE) and ammonia molecular beam epitaxy, which uses pyrolyzed nitrogen and 

ammonia as the N source, respectively. 

1.3. State-of-the-art III-Nitride materials and devices 

1.3.1.  High electron mobility transistors (HEMTs) 

High electron mobility transistors are one of the major applications of III-Nitride 

materials. Compared to the traditional Si-based technology, the large band gap and the 

high density two dimensional electron gas (2DEG) channel in III-Nitride HEMT 

structures enable superior performance in high-power electronics in terms of breakdown 

voltage and power density. The thermal stability of III-Nitride materials allows for high 
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operating temperatures. GaN-based HEMTs operating at ρπππᴈ have been reported.28 

Baliga’s figure of merit (BFOM) for power transistors is 24.6 times that of Si, as shown in 

Table 1.5. As a new contender in the III-Nitride materials family, InAlN/GaN-based 

HEMTs have broken records set by AlGaN/GaN reaching a room temperature current 

density of ςȢσ ὃȾάά and a cutoff frequency of τυτ ὋὌᾀ. 29,30 The projected goal of III-

Nitride transistors is operation into the terahertz which will open up a wide range of 

applications. However, as the least investigated materials in the III-Nitride family, the 

synthesis and processing of InAlN is less developed and challenging. Further 

understanding of the growth mechanisms and material properties is required to push 

the III-Nitride HEMT technology into the terahertz realm.          

Table 1.5 Material properties of power electronic semiconductors 31 

Material 
Mobility 

(ὧάȾὠϽὛ) 

Bandgap 

(eV) 

Ὕ  

(ᴈ) 

BFOM  

Ratio 

Si 1300 1.12 300 1.0 

GaAs 5000 1.42 300 9.6 

SiC 260 3.2 600 3.1 

GaN 1500 3.4 1000 24.6 
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1.3.2. Light emitters 

After almost 20 years of development, III-Nitride blue light emitting diodes have 

achieved fairly high efficiencies, for example 84.3% external quantum efficiency (EQE) 

has been reported for an emitter at 444nm peak wavelength. 32 These emitters are based 

on active layers with relatively low indium content, benefitting from high-quality low 

lattice mismatch GaN templates and the inherent low defect density in the active layers. 

However, efficiency drops rapidly when the emission wavelength is pushed into the 

green region, which is usually called the “green gap”, as shown in Fig, 1.14. The 

challenges include the lack of lattice matched substrates and the quantum confined Stark 

effect (QCSE). Progress has been made by using semi-polar (ςπςρ) GaN substrates 

reducing polarization fields, which led to the realization of a green laser diode with 

wall-plug-efficiency of ~ 8 %. 33,34 The latest report has demonstrated green emitters with 

24.7% external quantum efficiency (EQE) at 559nm achieved optimizing the growth 

conditions of the active layer. 35 Further improvement requires strain engineering to 

solve the crystal quality issues related to the use of lattice mismatched substrates that 

still plagues the development of green and yellow III-Nitride emitters. 
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Figure 1.14 Quantum efficiency of InGaN and AlInGaP LEDs as a function of 

wavelength.36 

On the other hand, the development of III-Nitride ultraviolet (UV) to deep 

ultraviolet (DUV) light emitters with wavelengths shorter than 400nm has become 

highly attractive. Numerous applications ranging from UV curing, medical treatment, 

sterilization to sensing require light sources emitting at this range, with high efficiency, a 

long lifetime and a small form factor, as shown in Fig. 1.15. 37 The total market for the 

UV LEDs is estimated to worth 1 billion dollar per year. 38 
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Figure 1.15 Applications of UV LEDs. 37 

Commercial III-Nitride UV LEDs usually utilize AlGaN based multi-quantum-

well (MQW) structures as the active region. The external quantum efficiency is lower 

than 10% depending on the working wavelength, as shown in Fig 1.16. Producing 

AlGaN with low defect density has been very challenging due to the lack of native 

substrates. With the addition of indium, quaternary InAlGaN is expected to be relatively 

“defect insensitive” similar to InGaN, due to carrier localization at indium segregated 

regions while reducing the probability of non-radiative recombination at defect sites. 39-44 

However, investigation on InAlGaN is presently very limited as shown in Fig. 1.1. Better 
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understanding of the material properties of InAlGaN and device structures based on 

InAlGaN is needed for the realization of practical solid-state UV emitters.  

 

Figure 1.16 UV LEDs external quantum efficiency as a function of working wavelength. 

37 
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2. Methodology  

2.1. III-Nitride growth 

2.1.1.  RF-PAMBE 

A VEECO Gen II radio-frequency plasma-assisted molecular beam epitaxy (rf-

PAMBE) growth environment consists of three essential parts.  

First, the vacuum system consists of a cryogenic pump and an ion pump which 

provide the ultra-high vacuum (UHV) environment of the MBE growth chamber. The 

typical pressure in the growth chamber is 10-11 Torr when idle and 10-5 Torr during 

growth.45 The UHV environment ensures that the mean free path of the molecular beams 

is comparable to the dimension of growth chamber so that the species can travel without 

scattering to the substrate for subsequent incorporation at the sample’s surface. The 

UHV is also critical for minimizing contaminants such as hydrogen and carbon that can 

incorporate during growth. 

Second, the liquid nitrogen (LN2) cryopanel around the growth chamber and 

effusion cells provides heat isolation thus preventing cross contamination from thermal 

outgassing of the chamber wall and effusion cells.   

Third, the growth chamber as shown in Fig. 2.1 is where the major actions for 

epitaxy take place including the generation of molecular beams, the crystallization 

process, and in situ monitoring. For III-Nitride material growth, Group III elements are 
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provided by Al, Ga and In effusion cells which operate in a liquid phase. N2 is used as 

the Group V source, which is cracked by a radio-frequency plasma into highly-reactive 

N atoms. N-type and p-type dopants are supplied by Si and Mg effusion cells. The 

molecular beams are precisely controlled by shutters in front of the effusion cells. Since 

the actuation time of the cell shutters (~1 s) is shorter than the typical time for monolayer 

growth (~5 s), abrupt interfaces can be achieved.45   

 

Figure 2.1 The schematic of a MBE module.45 

2.1.2.  In situ  monitoring 

The substrate temperature is measured using a pyrometer as well as a 

thermocouple in the substrate holder. However, the temperature read out by the 
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pyrometer is considered the real temperature of epitaxial film due the variation of 

thermal conductance of substrates.  

In addition, in situ reflection high-energy electron diffraction (RHEED) patterns 

provide a means of real-time monitoring of the surface reconstruction at the epitaxial 

growth front. An electron beam of 12 keV is directed at a low angle of ρЈ ͯ σЈ onto the 

sample and penetrates the growth surface by a few monolayers. The diffraction pattern 

is projected on a phosphor screen. The diffraction pattern can be interpreted using a 

limited-penetration scattering model.27 Information such as the in-plane lattice 

parameter, growth rate, and metal excess on the surface can be obtained during growth.   

Further, the Gen II PAMBE in the Brown Laboratory is equipped with a Horiba 

Jobin Yvon spectroscopic ellipsometer as shown in the schematic Fig. 2.2. Photons with 

energy from 1.5 eV to 6.5 eV are generated by a Xe lamp and are guided through an 

optical fiber and a polarizer and then are incident on the growth surface. The reflected 

photons pass through a phase modulator and are collected by an analyzer.  The physical 

properties of an epitaxial film such as surface morphology, composition, and band edge 

energy are thus probed in real time or post growth by analyzing the polarization 

characteristics of the reflected photons.  
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Figure 2.2 The schematic of the in situ ellipsometer measurement. 

2.1.3.  Growth templates and buffer layers used for III-N Growth 

As mentioned in section 1.2, sophisticated strain management has to be 

considered for growth on foreign substrates. A two-step growth process was proposed 

based on the use of a thin layer of low-temperature AlN acting as a nucleation layer 

prior the deposition of GaN on bare sapphire substrates. This method significantly 

improved the crystalline quality of epitaxial GaN.46 The low temperature AlN layer 

breaks the coherence between the GaN epi-layer and the lattice-mismatched sapphire 

substrate so that the GaN epi-layer is compressively strained to the AlN instead with 

smaller lattice mismatch, thus reducing the driving force for dislocation generation and 

cracking. 47  
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The initial nucleation layer is usually followed by a 1 – 10 ‘ά high temperature 

(>700ᴈ) GaN buffer to produce a heteroepitaxial surface with low dislocation density. 

The dislocation density is inversely related to the GaN buffer thickness as shown in Fig. 

2.3.48 In this report, υͯ ρπ ‘ά thick HVPE GaN templates are employed to ensure a low 

density of dislocations at the growth surface. The dislocation density is estimated to be  

1 ~ 3 108 cm-2. In addition, 50 ~100 ὲά GaN buffer layers were deposited at 680 ᴈ under 

Ga-rich conditions prior growth of the active layer to provide a smooth starting surface.   

 

Figure 2.3 The relationship between GaN buffer thickness and dislocation density. 48 



30 
 

2.1.4. III-Nitride binary, ternary and quaternary growth using MBE 

 

Figure 2.4 The schematic illustration of major processes of adatoms during growth.49 

The kinetic processes in MBE growth are illustrated in Fig. 2.4. Adatoms are 

supplied by the arriving flux or the decomposition of the existing film. The adatoms can 

diffuse on the surface, and bond to form islands or incorporate at the step edges. The 

adatoms can also re-evaporate from the surface above a certain temperature.  

 The structural, morphological, and optical properties of III-Nitrides depend on 

the kinetic process of adatoms which are strongly related to growth parameters such as 

III/V ratio and substrate temperature.  

The surface diffusion length of group-III adatoms can be described by a model 

developed by Burton as ‗ †ὈȾ , 50 where † is the residence time of adatoms at the 

surface, Ὀ is the surface diffusion coefficient. The surface diffusion coefficient Ὀ

ὥÅØÐ , where Ὁ is the energy barrier for hopping and ὥ is the lattice constant.  

Assuming that the sticking coefficient is 1 (Ὁ π), the surface diffusion length 
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monotonically increases with temperature. However, taking into account evaporation, 

the surface diffusion length decreases when approaching the desorption temperature, as 

shown in the simulation given by Xiao in Fig. 2.5. 51 

 

Figure 2.5 The simulated surface diffusion length versus substrate temperature. ‰ is the 

diffusion barrier energy. Open circles are plotted with a = 0.07 and open squares with a = 

0.1. 51 

 Surface diffusion length also relates to the III/V ratio. Surface diffusion length is 

quenched under N-rich conditions.52 This is due to the polar nature of III-Nitride surface, 

with the N-terminated surface being more reactive than the Ga-terminated surface. The 

surface diffusion is as such reduced in N-rich growth conditions.   



32 
 

Limited surface diffusion lengths lead to three-dimensional (3-D) growth 

morphologies and therefore rough surfaces. Optical and electrical properties such as 

photoluminescence and carrier mobility deteriorate due to the formation of defects.53  

As such, the precise control of the III/V ratio is crucial as the window for 

optimum growth is limited. III-Nitride growths are commonly operated under a III-rich 

condition to avoid the 3-D growth mode, but as close to stoichiometric conditions as 

possible. Excess Ga can accumulate forming metal droplets at the surface if the growth 

conditions are too far from stoichiometry. For example, device-quality GaN thin-films 

are usually synthesized under a slightly Ga-rich condition which has a coverage of 1 ~ 2 

monolayers of Ga at the surface. 53 

The incorporation of indium in In-related III-Nitrides by PAMBE is controlled by 

two factors: the substrate temperature and excess N.53 As the binding energy of In-N is 

much lower than Ga-N and Al-N, In incorporation is negligible if the sum of the Ga flux 

ɮ  and Al flux   ɮ  is above the N flux ɮ . The In incorporation x limited to ὼ

ɮ  ɮ  ɮ
ɮ  .

86 Further, In incorporation decreases with elevated substrate 

temperature. Loss of In incorporation is due to the decomposition of InN starting at 

460ᴈ. 54 The In adatoms from decomposed InN diffuse at the growth surface until re-

incorporation, or evaporate with elevation of the substrate temperature above 500ᴈ as 

shown in Fig. 2.6.55 The re-evaporation rate reaches 100% when above 650ᴈ resulting in 

negligible In incorporation. In contrast, GaN and AlN are thermally stable until 650ᴈ 
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and 1000ᴈ respectively, and Ga and Al incorporation are directly proportional to their 

fluxes in MBE.56,57 

 

Figure 2.6 Arrhenius plot of re-evaporation rate of indium. 55 

2.2. Characterization of III-N Materials 

2.2.1.  X-ray diffraction (XRD) 

X-ray diffraction is a non-destructive technique of analyzing the structural 

properties of a crystal, which involves probing a crystal with x-ray radiation. Incident x-

rays to the crystal are scattered by atomic planes in the crystal and form constructive 

interference governed by the Bragg’s law ὲ‗ ςὨίὭὲ—, where ὲ is an integer, Ὠ is the 

spacing between planes, ‗ is the wavelength of monochromatic x-ray and the — is the 

angle between the incident x-ray and the scattering planes. 58 
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Each set of planes produces Bragg diffraction and can be described in reciprocal 

space, as shown in Fig. 2.7. 58 The reciprocal space vectors point away from the origin in 

the direction of the scattering plane normal with the magnitude ρȾὨ.  Reciprocal space 

also illustrates the diffraction geometry in real space, with incident (Ὧ) and diffraction 

(Ὧ) vector making the appropriate angle to the crystal surface. The scattering vector Ὓ 

ends at the reciprocal lattice point, or Ὓ Ὧ Ὧ.  

 

Figure 2.7 The reciprocal space of a c-plane GaN film. 58 

Lattice constants are obtained by measuring the distance in the reciprocal space 

from the diffraction peak of a layer to that of a substrate with known lattice constants. 

High accuracy of a few parts in 10-4 can be achieved by using high angle diffraction 

planes such as the (πρρυ) plane. 59   
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Figure 2.8 The (πρρυ) plane reciprocal space mapping of a) a fully strained AlGaN/GaN 

structure and b) a relaxed AlGaN/GaN structure. 59 

 If the epi-layer is pseudomorphic to the substrate, the epi-layer diffraction peak 

lines up in the x axis with the substrate in the asymmetric plane as shown in Fig. 2.8, due 

to their same in-plane lattice constants. When an epi-layer relaxes from the substrate, its 

diffraction peak is away from the fully strained position and the in-plane relaxation is 

given by: Ὑ , where ὥ is the measured in-plane lattice constant of the epi-layer, 

ὥ  is the strain-free lattice constant of the epi-layer, and ὥ is the lattice constant of the 

substrate. 8.14 The strained and strain-free lattice constants are related by 

, where ὺ is the Poisson’s factor. 60 The composition of the epi-layer is 
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estimated by interpolating the strain-free lattice constants with ternary end points 

(Vegard’s law). 61 

Crystal lattice imperfections generate diffraction peak broadening in reciprocal 

space.58 Structural information about epi-layers can be obtained by x-ray diffraction 

scans in specific directions as shown in Fig. 2.9 a). The broadening in the symmetrical 

‫Ⱦς— scan direction (Ὤ Ὧ πȟὰ π) is the result of limited vertical crystal grain size 

and a composition gradient as shown in Fig. 2.9 b). The broadening in the symmetrical ‫ 

scan direction is the convolution of limited lateral grain size and tilting (or screw and 

mixed dislocations). The broadening in asymmetric scan direction (Ὤ έὶ Ὧ ‫ πȟὰ π) as 

shown in Fig. 2.9 c) is influenced by tilting as well as twisting (or edge dislocations). 

Finally, as the skewing angle approaches 90Ј, the scan broadening is only related to ‫ 

twisting. 
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Figure 2.9 a) The x-ray diffraction scan direction in reciprocal space, b) peak broadening 

in symmetric scan, c) peak broadening in asymmetric scan. 58 

2.2.2.  Spectroscopic ellipsometry (SE) 

Spectroscopic ellipsometry measures the spectral complex reflectance ratio ”‗ 

from a sample. ”‗ is defined as:62  

”‗ ÔÁÎ ɰ‗Ὡ                (2.1) 

where ὶ and ὶ are the amplitude of the reflected p and s polarized light, ɰ and ɝ 

are the amplitude ratio and phase shift. The ellipsometric parameters ɰ and ɝ are 

measured as a function of the incident photon wavelength ‗.  
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In order to extract the film thickness Ὠ, refractive index ὲ, and extinction 

coefficient Ὧ, from the ellipsometric parameters ɰ and ɝ, the optical system needs to be 

approximated with a physical model, which consists of multiple layers each described 

by a specifically hypothesized dispersion equation. The ellipsometric parameters ɰ‗ 

and ɝ‗ are calculated based on the model and compared to the values obtained from 

the measurement. The model parameters are iterated to find the optimized physical 

model which generates ellipsometric parameters with the smallest difference to the 

measured data, as depicted in Fig. 2.10. The mean squared error (MSE) is used to 

quantify the difference between the approximate model and the actual optical system. 63 

 

Figure 2.10 Flow chart of the ellipsometric modeling process. 63 
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The refractive index ὲ and the absorption coefficient ‌ for the layer of interests 

are derived from the real and imaginary parts of the dielectric function ᴊ ᴐ‫  and 

ᴊ ᴐ‫  obtained using the fitted model. Because the absorption coefficient is related to 

the optical bandgap energy as ‌ᴐ‫ ᶿ ᴐ‫ Ὁ Ⱦ in the parabolic bandgap 

approximation for direct band materials,64 the bandgap energy EA may be obtained by 

linearly extrapolating the function ‌ (ᴐ‫  to zero.65 For example in Fig. 2.11, the EA of 

thin film In0.35Al 0.65N is extracted by the extrapolation of the function ‌  to zero against 

the axis of photo energy. 

 

Figure 2.11 The extraction of band edge energy EA of a thin film In0.35Al 0.65N.65 
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3. Characterization of the MBE-grown InAlN 

nanocolumnar microstructure  

3.1. Introduction 

InAlN is an important material for GaN-based device applications due to its 

lattice-match to GaN (at an In composition of ~ 0.17) and its widely tunable bandgap 

energy.66 The bandgap energy is ~ 4.4 eV at the lattice-matched composition.67 In 

addition, it possesses relatively large spontaneous polarization leading to a high two-

dimensional electron gas (2DEG) density at the lattice-matched InAlN/GaN 

heterojunction.68  

InAlN is difficult to synthesize due to the large difference in binding energies 

between its binary endpoints, InN and AlN. InAlN is predicted to have a miscibility gap 

and tends to phase separate at typical growth temperatures.1,69 Techniques used for the 

synthesis of compositionally-uniform InAlN have been confined to metalorganic 

chemical vapor deposition (MOCVD). For MOCVD, the typical growth temperature for 

InAlN is over 700  with growth rates from 10 Å /min to 40 Å /min or higher.70,71 

ammonia MBE uses growth temperatures from 570  to 680  with growth rates from 5 

Å /min to 30 Å /min.72,73 The growth of InAlN by rf-plasma-assisted MBE (PAMBE) is 

carried out at temperatures from 400  to 600 . And PAMBE based InAlN thin films 

have been widely reported as exhibiting compositional modulation in the form of a 
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nanocolumnar microstructure structure.74-76 Reports on InAlN microstructure include 

films grown on both AlN and GaN templates and with In compositions from 0.13 to 

0.21. The existence of the nanocolumnar microstructure is also observed for growth on 

both N-face and Ga-face starting surfaces.75 The microstructure is comprised of 

nanocolumns oriented in the c-direction with reported diameters ranging from 5 to 12 

nm. The nanocolumn centers are Al-rich, while the boundaries are In-rich, with the outer 

In composition estimated up to 0.3 ~ 0.4 higher than that of the centers.75,76 The formation 

mechanism is still not clear, and the impact of the microstructure on electrical and 

optical properties remains unknown. The lateral composition and strain modulation 

lead to a number of properties that degrade device performance including interfacial 

roughening, bandgap modulation, and current leakage due to the In-rich domains. One 

challenge to determining the driving force for the microstructure is its characterization. 

Transmission electron microscopy (TEM) and Atomic Probe Microscopy are the only 

reported techniques that have been used to identify the microstructure, but they require 

sophisticated sample preparation and are inherently expensive and time consuming.74-76 

On the other hand, the optical properties of Al-rich (x < 0.5) InxAl(1-x)N films grown by 

PAMBE have been much less studied.71-73 To date, only absorption-based measurements 

have been reported.71-73 In this chapter, a new and efficient approach is demonstrated to 

characterizing the microstructure based on high resolution x-ray diffraction (HRXRD). 

The microstructure formation mechanism is discussed based on the structural 
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characterization results. Further, the modification of InAlN optical characteristics 

resulting from the nanocolumnar microstructure will be investigated. 

3.2. Experimental  

A Veeco Gen II rf-Plasma Assisted MBE system (PAMBE) was used to grow InAlN 

thin films on 10 ‘ά thick commercial HVPE GaN templates. On top of the GaN template, 

50 to 100 nm thick GaN buffer layers were grown at 680 ᴈ under Ga-rich conditions. 

InAlN epitaxial layers were grown at temperatures from 400 ᴈ to 540 ᴈ. The N2 plasma 

source was operated at 350 W and 1.0 sccm. Structural characterization of the samples was 

performed using scanning transmission electron microscopy (STEM), high-resolution x-

ray diffraction (HRXRD), Rutherford backscattering spectroscopy (RBS) and atomic force 

microscopy (AFM). The compositions of the samples as determined by HRXRD were 

verified using multi-voltage multi-layer electron probe microanalysis (EPMA) in 

University of Wisconsin, using 7 and 12 keV beam energy with a Cameca SX51 electron 

probe, with N Ka analyzed with a 100 Å  pseudo-crystal and a curved background fit with 

Probe for EPMA software. The photoluminescence (PL) experiment was performed in 

Army’s Aviation and Missile RD&E Center.  The PL was measrued at room temperature 

using pulsed excitation at 248 nm from an optical parametric amplifier driven by an 

amplified 800 nm mode-locked fiber laser with 1 kHz repetition rate and 130 fs pulse 
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width. The PL spectra were recorded using a Princeton Instruments Spec-10 liquid 

nitrogen-cooled charge-coupled device (CCD) attached to a 30 cm grating spectrometer. 

3.3. Structural analysis of nanocolumnar microstructure 

 

Figure 3.1 HRXRD ʖȾςʃ scans of sample S400 and S540. 
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Figure 3.2 Rutherford back scattering scan of sample S540. 

We first compare two samples grown at different growth temperatures and 

growth rates: S400, grown at 400 ᴈ using a stoichiometric flux condition (Ὂ ȾὊ ρ, 

Ὂ ȾὊ πȢυ) and a growth rate of 30 Å /min to a thickness of 178 nm with an In 

composition of x = 12 % as determined by x-ray diffraction; and S540, grown at 540 ᴈ 

under N-rich conditions (Ὂ ȾὊ=0.3, Ὂ ȾὊ ρ) and a growth rate of 8 Å /min with a 

thickness of 47 nm and In composition of x = 16.8 %. Both samples have smooth surfaces 

with root mean square (RMS) roughnesses below 1 nm as determined by AFM. The 

ʖȾςʃ scan shows a single epitaxial layer peak for both samples as in Fig. 3.1.  In-rich 

domains with In composition from x= 30 % ~ 50 % as reported previously are not 

observed.11,12 The RBS data indicate that the layers possess uniform composition with 

depth as shown in Fig. 3.2. A (πρυ) asymmetrical reciprocal space map (RSM), shown in 
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Fig. 3.3 a) and b), shows a fully-strained single epitaxial layer peak for both samples, 

although S400 exhibits extra broadening in the omega direction suggesting the presence 

of edge-type dislocations as shown in Fig. 3.3 a).77 None of these techniques show any 

evidence of composition modulation. 

 

Figure 3.3 (πρυ) asymmetrical reciprocal space mapping of sample: (a) S400 and (b) S540. 
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3.3.1.  XRD broadening analysis 

 

Figure 3.4 (a) HRXRD ʖ scans in the (002) plane for S400 and S540. The lines in green 

and cyan are the deconvolved components of S400. (b) HRXRD  ʖ scans in the (002) and 

(004) planes of S400. 

An HRXRD scan shows a low-intensity diffuse scattering peak overlapping ‫ 

with the (002) specular peak for S400 as shown in Fig. 3.4 a). The peak does not match 

the typical broadening profile of a semiconductor thin film. We deconvolved this peak 

into two peaks assuming a pseudo-Voigt profile consistent with HRXRD broadening, as 

shown in Fig. 3.4 a).78 The pseudo-Voigt profile is given by (3.1), where Ὅ is the 

intensity, – is the Cauchy profile proportion, ὼ is the angle, ‍ is the integral breadth, ‘ is 

the Bragg angle and B is the background.78 

Ὢὼ Ὅ ρ –Ὃɼȟὼȟ‘ –ὅɼȟὼȟ‘ ὄ    (3.1) 
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The specular component of S400 resembles the primary peak of S540, with a full 

width half maximum (FWHM) of 200 arcsec, while the broad diffuse scattering peak has 

a FWHM of 3600 arcsec. The coexistence of a specular peak with narrow linewidth and a 

diffuse scattering peak with broad linewidth has been observed in numerous materials, 

such as AlN/sapphire, GaN/Sapphire, ErAs/GaAs and SrBi2Nb2O9/SrTiO3.79-81 The 

microstructure leading to this observation is described in a model proposed by Miceli, 

wherein the specular peak originates from long-range order bounded by the substrate, 

while the diffuse scattering arises from short-range order (over a few nanometers), such 

as that associated with inhomogeneous dislocation networks or localized strain fields.79,80 

The intensity of the specular peak is attenuated by a Debye-Waller-like factor, 

ÅØÐ ὗ„ Њ ȟ with a scattering vector ὗ  along the surface normal, and a root-mean-

square-like displacement, „Њ . Scattering limits are described in the model, where the 

angular width of the diffuse scattering is independent of ὗ  when ÅØÐὗ„ Њ Ḻρ, 

suggesting a finite correlation length from rotational disorder.80 Our results correlate 

well with the model predictions. The scattering profile in Fig. 4.4 a) consists of a specular 

peak and a broad diffuse scattering peak, with S400 possessing stronger diffuse 

scattering than S540, suggesting a higher rotational dislocation density.80 In addition, the 

width of the diffuse scattering is independent of scattering order as shown in Fig. 3.4 b) 

in agreement with the model.80 
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3.3.2. TEM analysis 

 

Figure 3.5 TEM results of S400 and S540. Plan-view high-angle annular dark field 

(HAADF) image with g = 0001 of sample (a) S400 and (b) S540. Cross-sectional HAADF 

image with g = ρρππ of sample (c) S400 and (d) S540. (e) and (f) show plan-view bright 

field (BF) TEM.  

TEM images, shown in Fig. 3.5, confirm that the nanocolumnar microstructure is 

developed during the growth of both films. The films were characterized using both 

bright field (BF) and high-angle annular dark field (HAADF) scanning transmission 
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electron microscopy (STEM) in cross-sectional and plan-view configuration with a 

Hitachi HD-2300 system operated at 200 kV.82 TEM samples were prepared by using an 

in situ lift-off technique in a FEI FIB 200.82 The sample foils were thinned to 

approximately 60nm for cross-section and plan-view imaging. For plan-view analysis of 

sample S400, only the near-surface region of the sample was imaged since the sample’s 

total thickness exceeds 60 nm. For sample S540, the 60 nm thick sample foil is comprised 

of the 46 nm thick InAlN layer plus14 nm of the GaN buffer layer. The cross-sectional 

TEM images are of the entire InAlN epitaxial layer for both samples.  

The plan-view HAADF images shown in Fig. 3.5 a) and b) were taken with g = 

0001. The grey scale contrast is related to the atomic number difference of the elements 

with the lighter regions indicating greater In-richness. The nanocolumnar microstructure 

is evident in both samples and is characterized by 10 - 15 nm Al-rich domains 

surrounded by 1 ~ 3 nm In-rich boundaries.79-81 

The contrast presented in sample S400 as shown in Fig. 3.5 a) is greater than that 

of sample S540 in Fig. 3.5 b) implying that the composition modulation is greater for 

S400. However, it should be pointed out that the contrast difference may be due, in part, 

to the thickness difference between the sample foils as described above. In addition to 

the contrast difference, the depth at which the microstructure begins is different for the 

two samples as shown in Fig. 3.5 c) and Fig. 3.5 d). The nanocolumnar microstructure is 
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more diffuse at the substrate-epitaxial interface for the higher temperature sample (S540) 

becoming clearer at a thickness of approximately 20 nm from the substrate.  

As the plan-view BF TEM images in Fig. 3.5 e) and Fig. 3.5 f) show, the boundary 

domains have a higher dislocation density than the center domains, as observed by the 

inferior electron transparency associated with darker regions. We assume that the 

boundary domains are consisted of twisting-related edge-type dislocations, consistent 

with the interpretation of the (πρυ) RSM in Fig. 3.3 a).80 The inferior lattice structural 

quality of boundary domains explains the absence of the peaks associated with high In 

composition InAlN in the HRXRD ‫Ⱦς— scan as shown in Fig. 3.1. Therefore, we 

conclude that the broad diffuse scattering observed for sample S400 in Fig. 3.4 a) likely 

originates from the boundary regions which generate short range scattering. The 

differences in both the HRXRD and TEM characteristics of the two films are used to 

conclude that the HRXRD observations are characteristic of the nanocolumnar 

microstructure and the degree to which the composition is modulated. 
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Figure 3.6 Plan-view bright field (BF) TEM of sample a) S540 and b) S400. c) Cross-

sectional bright field (BF) TEM of the treading dislocations of sample S540 at two 

different locations. Red arrows point to the representative dislocations of type I (edge 

dislocation) and II (screw dislocation).  
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Fig. 3.6 a) is the plan-view BF TEM image in relatively low magnification ( 50k) 

of S540. Threading dislocations are clearly observed with a density estimated to be 

~ρπ ὧά , which is the same order of magnitude as the GaN template. Two types of 

TDs are identified in Fig. 3.6 a) as Type I and II. Type I TDs have relatively small 

diameter of approximately 3 nm, while Type II TDs have a diameter of 10 - 30 nm. Six 

close-packed {ρρππ} prism planes can be observed from the type II TDs. Type I and Type 

II TDs can be identified as dislocations with edge and screw components respectively, 

due to the morphology and size characteristics mentioned above.17,81 In addition, edge 

TDs are the dominant dislocations with a density of one order of magnitude higher than 

that of the screw TDs. In contrast, the plan-view BF TEM image of S400 in Fig 3.6 b) 

shows no observable TDs. Fig. 3.6 c) shows the magnified cross-sectional BF TEM 

images of dislocations in S540. Both TDs in the figure develop from the GaN template 

and penetrate through the InAlN/GaN interface. However, they terminate as the 

nanocolumnar microstructure becomes diffuse, suggesting that the local strain near the 

TDs is relaxed through the development of the nanocolumnar microstructure, 

presumably composed by an edge component as the XRD analysis implies. For this 

reason, TDs are not observed in the plan-view BF TEM of S400 in Fig. 3.6 b) as the 

nanocolumn microstructure begins at the InAlN/GaN interface as shown in Fig. 3.5 c). 

The delay of the nanocolumnar microstructure development is likely a result of a 

combination of factors: smaller lattice mismatch, higher growth temperature, and lower 
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III/V ratio. This is further supported by a recent report of compositionally-uniform 

InAlN growth by rf-based MBE.82         

3.3.3. Quantitative description 

We tested the model against our conjecture, that the microstructure can be 

eliminated and/or minimized by synthesizing the material at a higher growth 

temperature. Before describing the experiment and results, we define a parameter to 

characterize the microstructure in relation to the HRXRD. The area under the Bragg 

peak is proportional to the scattering volume, therefore we can quantify the relative 

development of the microstructure between samples with the ratio of peak areas, ὙȾ, 

as follows:  

                 ╡╫Ⱦ╬
═╫▫◊▪▀╪►◐

═╬▫►▄

╥╫▫◊▪▀╪►◐

╥╬▫►▄
       (3.2) 

ὃ  and ὃ  are the (002) scan peak areas of diffraction from the ‫ 

nanocolumnar boundary and center, while ὠ  and ὠ  are the volumes of the 

nanocolumnar boundary and center in the samples. As ὙȾ approaches 0, we assume 

that the contrast of the nanocolumnar microstructure has reached the detection limit 

using XRD analysis, through either insignificant volume or compositional contrast.  
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3.3.4. Temperature dependence 

 

Figure 3.7 The HRXRD  ʖ scan of (0002) plane for samples S1, S2, S3 and S4. 

To investigate the effect of growth temperature on the formation of the 

nanocolumnar structure, a second set of samples was grown with In compositions of 

approximately x = 0.116, growth rates of 30 B/min and flux conditions of Ὂ ȾὊ ρ and 

Ὂ ȾὊ πȢυ, similar to S400, but with different growth temperatures. As shown in Fig. 

3.7, we found that the ratio Ὑ decreases from 0.93 at 400 ᴈ to 0.36 at 450 ᴈ, 0.09 at 480 ᴈ 

and finally ~ 0 at 540 ᴈ.  Herein, we show strong evidence that the growth temperature 

is an important factor controlling the formation of the nanocolumnar microstructure.  
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3.3.5. Formation mechanism 

The formation mechanism of the nanocolumnar microstructure is still unclear. 

However, based on the fact that InAlN is grown by an rf-PAMBE at a relatively low 

growth temperature and our observation that the nanocolumnar microstructure is less 

developed with increasing temperature, we speculate that the difference in adatom 

diffusion length between indium and aluminum at typical growth temperatures (400 ~ 

540 ᴈ) is the key driving force leading to this microstructure. At higher temperatures, 

increased aluminum adatom diffusion length might inhibit the formation of Al-rich 

platelets.76 In addition, given that InN has a relatively low desorption temperature of 550 

~ 560 ᴈ,83,84 as we approach the desorption temperature the concentration of excess 

indium decreases, along with the indium surface diffusion length due to competition 

from desorption,81 hence inhibiting the development of the composition modulation. In 

the recent report by Kaun et al. on the growth of nanocolumn-free InAlN using rf-based 

MBE, it is speculated that the combination of high substrate temperature (Ὕ  550 ᴈ), 

reduced III/V flux ratio (Ὂ ȾὊ πȢσ and elevated In/Al flux ratio (Ὂ ȾὊ  ρ) are 

responsible for achieving the relatively uniform composition distribution, which 

correlates well with our observations.82 By further comparing the samples (S1 ~ S4) with 

fixed flux conditions, we provide evidence confirming the substrate temperature alone is 

an important factor that contributes to the reduction of nanocolumnar microstructure by 

narrowing the gap between the Al and In diffusion lengths. Having said this, further 
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experiments are needed to better understand the formation mechanism of the InAlN 

nanocolumnar microstructure. 

3.4. Optical characterization 

 

Figure 3.8 (a) Representative (0002) ‫Ⱦς— HRXRD diffraction spectra of several InxAl (1-

x)N films (logarithmic vertical scale). (b) FWHM of the InAlN Bragg peak in two ‫ 

directions as a function of x for all InxAl (1-x)N films. Insets are plan-view (left) and cross-

sectional (right) HAADF images of a representative InAlN sample. The black bars at the 

upper left corners are 12nm long.  

Fig. 3.8 a) shows representative (0002) -‫Ⱦς— HRXRD scans for a range of InxAl(1

x)N from x = 0.114 - 0.235. The InAlN diffraction peak is to the right of the bright GaN 

peak, and the associated Pendellosung fringes indicate that the samples possess abrupt 
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interfaces and smooth surfaces. The period of the fringes is used to estimate the sample 

thickness. AFM measurements (not shown) indicate root-mean square (RMS) surface 

roughness smaller than 0.7nm. Accurate composition estimates are critical to relating 

structural characteristics to the optical response of samples. Since the series of samples 

have different amounts of strain, we estimate sample composition by measuring the 

InAlN peak shift with respect to the GaN peak in a (10ρ5) reciprocal space map (RSM). 

The result is confirmed by electron probe micro-analysis (EPMA) for a more accurate 

composition determination. Compositions estimated using the (0002) ‫Ⱦς— peak 

separations are greater than the values obtained by EPMA and RSM by 0.01 – 0.02.  

 

Figure 3.9 (a) HRXRD (10ρ5) reciprocal space mapping diffraction patterns of InxAl (1-

x)N films with representative composition. (b) HRXRD (20ς5) reciprocal space mapping 

diffraction patterns of InxAl (1-x)N films with x=0.235. The intensity contour is a 

logarithmic scale divided into 21 levels, and Qz and Qx are reciprocal space vectors in 

reciprocal lattice units (rlu).  
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Fig. 3.9 a) shows representative (10ρ5) RSM peaks for five of the InAlN films. All 

but one of these InAlN films are fully strained to the GaN template, supported by the 

observation that the asymmetrical reciprocal space InAlN peaks are aligned to the GaN 

peak along the x axis. The exception is the In0.235Al0.765N film which is found to be relaxed 

with Ὑ πȢτ. The relaxation of this sample is not observable in (10ρ5) RSM as a result of 

the overlapping of InAlN and GaN peaks, but it is obvious in higher angle scan in (20ς5) 

plane as shown in Fig. 3.9 b). Relaxation of III-Nitride as an epilayer is usually 

accompanied by the degradation of composition uniformity, leading to band-tail states 

and carrier localization.69  

The overall structural quality of the samples is estimated using the HRXRD ‫ 

scan in the (0002) and (10ρ5) planes. Peak broadening in the direction reflects the ‫ 

lattice periodicity in the associated plane, and dislocations, alloy inhomogeneities, and 

defects increase that broadening. As Fig. 3.8 b) indicates, broadening in the direction ‫ 

for the (0002) and (10ρ5) planes decreases as the near lattice-match composition (x = 

0.166) is approached. The observed full width at half maximum (FWHM) values of 148 

arcsec in the (0002) plane and 136 arcsec in the (10ρ5) plane are among the best reported 

in the literature for InAlN.85,86 However, electron microscopy reveals that these samples 

possess the nanocolumnar microstructure typical of PAMBE-grown InAlN. The insets in 

Fig. 3.8 b) show plan-view and cross-sectional high angle annular dark field (HAADF) 
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images of a representative InAlN sample. This microstructure is similar to InAlN films 

discussed in Chapter 3.3.  

 

Figure 3.10 The absorption edge of representative InxAl (1-x)N samples obtained by SE, 

overlaid by an example extrapolation to indicate how EA is estimated.  

Spectroscopic ellipsometry obtains the dielectric functions of the InAlN layers 

from the measured ellipsometric parameters ɰ and ɝȢ  After accounting for the SE 

response of the GaN templates measured at room temperature prior to deposition, the 

dielectric function of InAlN is obtained using a two-layer Tauc-Lorentz model. The band 

edge energy is obtained using the methodology described in Chapter 2.2.2.2.72  

Fig. 3.10 shows the evolution of the band edge energy with increasing In 

composition. In general, the InAlN band-tail red shifts with increasing In composition, 
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and most of the samples have an absorption band edge with similar slopes. However, 

the absorption curve of the highest In composition sample (In0.235Al0.765N) has a relatively 

flat band-tail near 3.75 eV, plus a second high energy band edge of about 5.3 eV (not 

shown in the figure).  InAlN films grown in the mid-composition range are 

thermodynamically more susceptible to phase separation due to spinodal 

decomposition,1 and similar two-step behavior has been observed in InxAl(1-x)N thin films 

with x = 0.4.73 

 

Figure 3.11 Room temperature PL spectra of InxAl (1-x)N thin films. The arrow shows the 

peak energies of the InxAl (1-x)N emission bands deduced from Gaussian lineshape fitting. 

For clarity, the intensity is plotted logarithmically. 
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Fig. 3.11 shows the room temperature photoluminescence spectra for these films.  

Emission from the GaN templates on which the InxAl(1-x)N thin films are grown is observed 

in all spectra. The narrow peak near 3.41 eV is produced by free-exciton recombination 

near the band edge, and the broad feature centered near 2.2 eV is the well-known yellow 

luminescence band in GaN.87 An additional weak PL peak arises from the InxAl(1-x)N film 

and shifts from the higher to the lower energy side of the GaN excitonic emission as x 

increases. The PL peak energies of InxAl(1-x)N thin films are estimated using Gaussian 

curve fitting. For sample x = 0.166, the emission from InxAl(1-x)N overlaps the GaN near 

band-tail emission. The room temperature InAlN PL response is not observable for 

samples with x = 0.092 and 0.136, and the PL of the sample with x = 0.114 is about two 

orders of magnitude weaker than that of the GaN template. As x increases, the PL intensity 

increases as well, and the PL intensity from the In0.235Al0.765N sample is only one order of 

magnitude smaller than that from the GaN template. Since the majority of the samples 

possess narrow XRD peaks with FWHM in the ~150 - 250 arcsec range, this PL intensity 

variation does not appear to depend on structural quality.  
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Figure 3.12 Measured absorption edges (red) and peak PL emission energies (blue) from 

the InAlN films, each of which is fit by a linear regression (solid line) from which the 

Stokes Shift is obtained.  

Fig. 3.12 shows the variation of the absorption edge (EA) and the PL peak energy 

(EPL) of the InxAl(1-x)N thin films. The x-dependence of EA and EPL can be linearly fit with 

slopes of χȢω πȢω and φȢς πȢτ eV/x, respectively, indicating that both the absorption 

edges and the PL peak energies redshift with increasing In composition. These redshifts 

are consistent with a previous report on MOCVD-grown films over this relatively narrow 

range in x.88,67 However, the Stokes shift, estimated from the two linear fits, is much larger 

(0.9 – 1.0 eV) than the best reported values for MOCVD-deposited InAlN (0.5 - 0.7 eV)88,67 

or for AlGaN and InGaN alloys (usually < 0.5 eV).89-93 The larger Stokes shift observed in 

this study suggests that the PL may arise from carriers localized in the In-rich domains of 

the nanocolumnar microstructure. Fig. 3.13 shows the indium concentration modulation 
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profile of a representative InAlN sample, measured by energy dispersive X-ray 

spectroscopy (EDS). The indium signal intensity in Fig. 3.13 is proportional to the specific 

indium content in the sample. The maximum indium signal intensity is 40% ~ 50% higher 

than the minimum value. The indium content at the local minimum and maximum are 

estimated to be x ~ 0.05 to 0.25 according to previously reported InAlN samples of 

comparable composition. 75,76  

 

Figure 3.13 Energy dispersive X-ray spectroscopy of an InAlN sample with In content of 

~0.12. 

The optical emission is numerically modeled with the simulation software Silvaco 

Atlas. A simplified 2D InAlN structure is constructed to mimic an indium-segregated 

region, as represented by the black arrow in Fig. 3.13. As shown in Fig. 3.14 a), the indium 

content increases from x=0.05 at the edge to x=0.25 at center, corresponding to band gap 

energy of 5.9 eV and 3.8 eV respectively, which are calculated according to Vegard’s law 

with a bowing parameter of 6 eV.67 The composition is discretized into 40 steps to 
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approach the linear transition of composition, which is shown as the region in Fig. 3.13. 

The simulated structure is illuminated from above with excitation power of 0.1mW/cm-2. 

The boundaries are treated with periodic conditions for ray tracing.    

 

Figure 3.14 Simulation of the InAlN structure. a) Band structure b) Carrier distribution c) 

Radiative recombination rate. 
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 Fig. 3.14 b) shows the carrier distribution in the simulated structure, in which the 

optically generated electrons and holes are confined at the band energy minimum. The 

absence of the quantum-confined Stark effect (QCSE) is due to the lack of a polarization 

field in the direction parallel to the c axis. And the relatively small Bohr radius of ~ 2.8 

nm for III-Nitride materials ensures good carrier confinement.94 As a result, the majority 

of the radiative recombination take place at the energy minimum, as the radiative 

recombination rate decreases exponentially away from the minimum as shown in Fig. 

3.14 c). Fig. 3.15 is a simulation of the photoluminescence (PL) spectra of the structure. 

The main peak energy is estimated to be 3.84 eV, 40 meV higher than the band gap 

energy of the In-rich center, which correlates well with the PL measurement of samples 

with similar composition (for example x=0.114) as shown in Fig. 3.11.  In addition, rather 

than a single sharp peak residing close to the band edge, the simulated PL signal is 

composed of multiple peaks contributed by radiative recombination away from the 

structure center with exponentially-decreasing intensity. The composition modulation-

induced peak broadening is likely to contribute to the broad peak width observed in the 

measurement as shown in Fig. 3.11.     
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Figure 3.15 Simulation of the photoluminescence spectra. 

The strength of the GaN PL is also noteworthy considering the SE-measured 

absorption coefficient of our InAlN samples is approximately ρȢυτρπcm-1 at 248nm.  

Consequently, approximately 80% of the excitation is absorbed by the ~100 nm-thick 

InAlN films, and even the lone exception of the 46 nm thick In0.166Al0.834N film absorbs 50%. 

Since comparatively little pump excitation reaches the GaN template, the strength of the 

GaN PL from each sample is quite surprising, even considering that the GaN PL energy 

is well below the absorption band edge (EA) of the InAlN films. Indeed, compared to the 

GaN templates, the GaN PL intensity is only reduced 9% in the In0.166Al0.834N sample and 

only 51% in the In0.114Al0.886N sample. We therefore infer that carriers transferred from the 

InAlN films with x = 0.166 and 0.114 generate 45 - 60% of the measured GaN PL, 

respectively.   
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Ultrafast carrier transport to a GaN template has been seen in MOCVD-grown 

InAlN thin films through V-defects that act as carrier transport channels.95 Because TEM 

and AFM analysis of our PAMBE In0.114Al0.886N and In0.166Al0.834N samples indicate a very 

low density of V-defects, we infer that carrier transport is mediated by the nanocolumnar 

microstructure with numerous edge-type threading dislocations. Consequently, some 

carriers photo-generated in the InAlN film are transported to the GaN templates to 

generate strong GaN PL, while others become localized in the In-rich boundaries of the 

InAlN microstructure to generate InAlN PL with large Stokes shifts.  

3.5. Conclusion 

In conclusion, PAMBE grown InAlN shows different degrees of nanocolumnar 

microstructure based on the growth conditions. Samples grown at low temperature 

(400 ᴈ) exhibit nanocolumnar microstructure with a larger composition modulation 

between the In-rich boundaries and Al-rich centers. InAlN grown at higher temperature 

(540 ᴈ) shows delayed development of the nanocolumnar microstructure.  HRXRD is 

shown to be sensitive to the volume of the nanocolumnar microstructure in the epitaxial 

film. By comparing a series of InAlN samples grown at different temperatures, the 

volume of the nanocolumnar microstructure boundary domain is shown to decrease 

with increasing growth temperature.  Further, we systematically examined the optical 

properties of InxAl(1-x)N films with nanocolumnar microstructure, using high resolution 
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X-ray diffraction, spectroscopic ellipsometry, and PL spectroscopy. Room temperature 

PL is observed from PAMBE-grown, Al-rich InAlN films. The large (~1 eV) Stokes shifts 

observed were likely caused by the composition modulation that produced carrier 

localization within the nanocolumnar microstructure. The strength of the GaN PL 

spectra also suggests carrier transfer from the InAlN film to the GaN template. 
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4. GaN Grown on AlN Templates  

4.1. Introduction 

While AlN has enjoyed commercial success for a number of years for optical, 

electronic and surface acoustic wave applications due to its attractive material 

properties,96 its biggest impact may be related to its unique crystalline relationship with 

GaN. AlN is well-known to provide a suitable buffer layer for growth of GaN on 

sapphire when grown at low temperatures,46 and high temperature AlN has been 

employed as buffer layers for the growth of GaN by hydride vapour phase epitaxy 

(HVPE).97 However, the growth of appreciable quantities of AlN is known to cause 

significant issues in the metalorganic chemical vapour deposition (MOCVD) reactors, 

which is particularly important for manufacturers of GaN-based devices (e.g. frequency 

of MOCVD tool maintenance, cycle time). Such issues, along with those related to 

intellectual property rights associated with the in-situ AlN or GaN nucleation process 

have motivated the use of AlN films prepared ex situ for GaN growth. Of particular 

interest is the use of sputtered high temperature AlN films, as the sputtering process is 

largely scalable, inexpensive, supports high throughput, and has been shown to give rise 

to reduced dislocation densities in the GaN grown thereon.98 In terms of device 

performance, sputtered AlN films have been shown to provide improvements in terms 

of increased light output at a given current density, lower forward voltage requirements, 
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reduced leakage current in the reverse bias, and improved reliability for visible and 

ultraviolet light emitting diodes (UV LEDs).99,100 Furthermore, use of ex-situ nucleation 

layers aid in avoiding issues related to Si-meltback associated with the growth of GaN 

on Si.101  

For growth on foreign substrates (e.g. sapphire or Si), it is known that as the AlN 

thickness increases, relaxation begins to occur, depending on growth conditions.102 The 

strain state of the AlN films is strongly dependent on the sputtering chemistry, plasma 

power, etc.103,104 and a detailed understanding of the effect of the strain of the AlN on the 

subsequent GaN growth is lacking and therefore the subject of the investigation in this 

chapter.  

4.2. Experimental 

A Veeco Gen II radio frequency plasma-assisted molecular beam epitaxy (rf-

PAMBE) system deposited 100 nm thick GaN thin films on AlN templates with 

thickness ranging from 20 nm to 350 nm. The AlN templates were grown by pulsed DC 

magnetron sputtering using a home-built reactor at Kyma Technologies on sapphire 

substrates.105 The AlN templates were cleaned in 50% hydrochloride for 10 minutes 

before loading into the MBE chamber. Prior to GaN growth, Ga was deposited at 680  

and then the substrates were heated up to 750  for Ga desorption. Then the GaN 

epitaxial layers were deposited at 680  using Ga-rich conditions. The N2 plasma 
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condition was set to 350 W and 1.0 sccm. A Panalytical X’Pert PRO MRD high-resolution 

x-ray diffraction system (HRXRD) equipped with a 4-bounce Ge (220) hybrid 

monochromator and triple-axis diffractometry was used to ascertain the structural 

characteristics of the GaN samples. Surface characterization was performed with a 

Digital Instruments Dimension 3100 atomic force microscope (AFM). 

4.3. Strain  

 

Figure 4.1 a) HRXRD (002) scan of GaN. The-‫ scan of GaN. b) HRXRD (015)-‫ 

maximum intensity of peaks are normalized to 1. 



72 
 

Fig. 4.1 a) shows the HRXRD (002) scan of thin film GaN deposited on AlN-‫ 

templates with thicknesses of 350, 50, 30, 25 and 20 nm. As the AlN template thickness 

decreases, the GaN full width half maximum (FWHM) decreases as shown in Table 4.1. 

The (002) scan FWHM is correlated to the mosaic block tilting and the threading-‫ 

dislocation (TD) density with screw component.58 The very sharp (002) scan peak for-‫ 

GaN grown on 20 ~30 nm thick AlN is close to the HRXRD resolution limit, suggesting a 

film nearly free of screw dislocations.106 

Fig. 4.1 b) shows the HRXRD (015) scan of the GaN samples. The FWHMs of-‫ 

the GaN (015) scan are reduced from 963 to about 424 arcsec as the thickness of the-‫ 

AlN layer decreases. The (015) scan broadening corresponds to mosaic block twisting-‫ 

and TDs with edge type component.58 The (015) scan suggests that these samples-‫ 

contain mainly edge type TDs.106 Combined with the (002) scan, the HRXRD results-‫ 

show that GaN deposited on the thin (20 - 30 nm) AlN template is of higher structural 

quality, specifically with low screw dislocation density and mosaic block tilting. 

As shown in Fig. 4.1 a) The scattering pattern of the thin film GaN is consists of a 

narrow specular peak and a broad diffuse scattering as background. This has been 

observed previously in GaN/AlN, GaN/Sapphire, ErAs/GaAs and SrBi2Nb2O9/SrTiO3 

heterostructures. 77,80,81,97 The origin of the overlapping of a narrow specular peak and a 

broad diffuse scattering peak is described in Miceli’s model as the coexisting of long 

range and short range scattering order.80 In Heinke’s report, the intensity of the narrow 
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peak is constant but is superimposed and finally buried by the broad diffuse scattering 

as the GaN film thickness increases, suggesting the disorder and dislocations density 

gradually increases during the deposition as GaN layer thickness increases.77 In the 

present work, the GaN thin film thickness is kept constant but the thickness of the AlN 

nucleation layer is changed. And as the AlN thickness increases, the GaN specular peak 

intensity decreases and is converted into diffuse scattering.  

 

Figure 4.2 HRXRD (002) .scan of AlN with different thickness-‫ 

Fig. 4.2 shows the HRXRD (002) scan of the AlN templates. Similar to the GaN-‫ 

epitaxial layers, the scattering profile is composed of a narrow specular peak and a 

diffuse scattering background. The diffuse scattering background is absent in the thinner 
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AlN templates with thicknesses of 20 and 25 nm, and becomes obvious for AlN 

thickness over 30 nm. However, unlike the GaN epitaxial layers, the diffuse scattering 

intensity of AlN becomes constant when the AlN thickness is over 50 nm when the 

specular peak continues to increase. In addition, the FWHM of the specular peak for 350 

nm AlN is increased significantly compared to the rest as shown in Fig. 4.2. This 

suggests a different relaxation mechanism of AlN than the GaN deposited on top. 

 

Figure 4.3 HRXRD (002) ‫Ⱦς—-scan of GaN/AlN heterostructure with AlN thickness of 

20 ~ 50 nm.  
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Fig. 4.3 Shows HRXRD (002) ‫Ⱦς—-scan of the GaN epitaxial layers on AlN 

templates for thicknesses of 20 ~ 50 nm, with the GaN (AlN) peak at the lower (higher) 

angle. Simulated ‫Ⱦς— diffraction for fully a relaxed GaN layer on AlN is shown at the 

bottom. As the AlN thickness increases, the AlN peak is broadened and shifted towards 

the fully relaxed position (‫ ρψȢπρτЈ). In contrast, the GaN epitaxial layer is subjected 

to higher compressive strain (fully relaxed angle ‫ ρχȢςψψЈ) when grown on the 

thicker AlN template.   

Table 4.1 Calculated lattice constants, in-plane strain and relaxation of GaN. 

Material    GaN  

    FWHM (arcsec) c(Å ) a(Å ) ‐᷆ R  

    (002) (015)      

GaN/350nmAlN    1404 963 -- -- -- --  

GaN/50nmAlN    332 720 5.1955 3.1862 -1 ρπ  0.9604  

GaN/30nmAlN    25 464 5.1959 3.1873 -6 ρπ  0.9769  

GaN/25nmAlN    13 414 -- -- -- --  

GaN/20nmAlN    11 424 5.1849 3.1892 -8 ρπ  0.9979  

Simulation    -- -- 5.1840 3.1894 0 1  

 

 

 



76 
 

Table 4.2 Calculated lattice constants, in-plane strain and relaxation of AlN. 

Material     AlN 

     FWHM (arcsec) c(Å ) a(Å ) ‐᷆ R 

     (002)     

GaN/350nmAlN     15 -- -- -- -- 

GaN/50nmAlN     11 4.9899 3.1085 -8 ρπ  0.9929 

GaN/30nmAlN     10 5.0212 3.0985 -4 ρπ  0.9654 

GaN/25nmAlN     10 -- -- -- -- 

GaN/20nmAlN     10 5.0341 3.0944 -5 ρπ  0.9541 

Simulation     -- 4.9816 3.1111 0 1 

 

Table 4.1 and Table 4.2 shows the calculated lattice constant a, c, in-plane strain ‐᷆ 

and relaxation R of GaN and AlN. The calculation is based on reference lattice constant 

aGaN = 3.1894 Å  and aAlN = 3.1111 Å , and Poisson ratio ὺ  = 0.183 and ὺ  =0.203 as 

reported by Moram et al.58 As shown in Table 4.1, the GaN in-plane strain calculated 

from X-ray diffraction results decreases by an order of magnitude when grown on the 

20nm AlN template.  On the other hand, the compressive in-plane strain of AlN 

increases from -8 ρπ  to -5 ρπ  when the film thickness decreases from 50 nm to 20 

nm, as shown in Table 4.2.  
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Figure 4.4 The room temperature photoluminescence (RTPL) of GaN deposited on AlN 

templates with thicknesses of 20nm, 30nm and 50nm. The inset is regional spectra near 

the band edge emission energy of GaN. Intensities are normalized to 1.   

Fig. 4.4 shows the room temperature photoluminescence (RTPL) of GaN 

deposited on AlN templates with thicknesses of 20 nm, 30 nm and 50 nm. As shown in 

the inset of Fig. 4.4, the near band edge emission energy Ὁ  of GaN is blue-shifted from 

3.428 eV to 3.435 eV and 3.448 eV as the thickness of AlN template increases from 20 nm 

to 30 nm and 50nm, suggesting that the GaN epitaxial layer is under higher biaxial 

compressive strain with thicker AlN templates,107-109 which confirms the stress evolution 

shown by the HRXRD analysis. In addition, as shown in Fig. 4.4 inset, the FWHM of the 
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GaN near band edge emission increases from 53 meV to 67 meV and 103 meV as the 

AlN thickness increases. On the other hand, the intensity of the yellow-band 

luminescence of GaN at 2.25eV (550nm) increases by a factor of 2 as the AlN template 

thickness increases from 20 nm to 50 nm. As previous reports suggest,110,111 the increase 

of the yellow-band illumination is associated with the development of extended 

dislocations, which correlates well with the X-ray diffraction results shown in Fig. 4.1.  

 

Figure 4.5 Surface morphology of AlN templates with thicknesses of a) 20 nm, b) 30 nm, 

c) 50 nm and GaN epitaxial layers on AlN templates with thicknesses of d) 20 nm e) 30 

nm and f) 50 nm. Scan size is ς‘ά ρ‘ά. The vertical scale is 3nm. 

Fig. 4.5 shows the surface morphology of GaN and AlN. As shown in Fig. 4.5 a) 

and b), the thin AlN templates (20 nm and 30 nm) are relatively smooth with RMS 

roughnesses of 0.382 nm and 0.340 nm respectively. In contrast, the 50 nm thick AlN 
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template in Fig. 4.5 c) is relatively rough with an RMS roughness of 1.94 nm. The grainy 

surface of the 50 nm thick AlN template in Fig. 4.5 c) indicates the initiation of three 

dimensional (3D) growth, which is correlated with the heavier relaxation close to the 

hetero-interface as shown by the HRXRD (002) .‫Ⱦς—-scan in Fig. 4.4   

As shown in Fig. 4.5 d), GaN grown on 20 nm AlN has a very smooth surface 

with RMS roughness of 0.35 nm. GaN on 50 nm AlN in Fig. 4.5 f) shows a relatively 

rough surface with RMS = 0.648 nm, large open core dislocations are observed with 

density estimated on the order of ρπ ὧά . Such large open dislocations are the result 

of merging smaller dislocations as shown on GaN on 30nm AlN surface in Fig. 4.5 e), 

which shows a transition between the two AlN films discussed above. The significantly 

improved surface morphology and dislocation reduction of GaN deposited on thin AlN 

is likely attributed to the nearly strain-free nucleation of GaN starting from the hetero-

interface, as evident by the HRXRD (002) scan in-‫ ‫Ⱦς—-scan in Fig. 4.4 and the (002) 

Fig. 4.1 a). 
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Figure 4.6 XRD (015) reciprocal space mapping of AlN of thickness a) 20 nm, b) 30 nm 

and c) 50nm before GaN deposition, and d) 20 nm, e) 30 nm and f) 50 nm after GaN 

deposition.  

Fig. 4.6 a) ~ c) shows the (015) reciprocal space map (RSM) of the AlN templates 

before GaN deposition. The RSM of AlN consists of a broad peak at the higher reciprocal 

lattice unit (rlu) position, and a narrow peak at the lower rlu position along the —‫Ⱦς 

direction. The broad (narrow) peak is generated by the strained (relaxed) AlN which is 
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evidenced by the transition as the film thickness increases. For the RSM of 20 nm AlN 

shown in Fig. 4.6 a), the relaxed peak is absent. As the AlN thickness increases, the 

relaxed peak emerges in Fig. 3.6 b) and becomes dominant in Fig. 4.6 c), suggesting the 

AlN layer relaxes as thickness increases, which correlates well with the ‫Ⱦς—-scan in 

Fig. 4.4.     

Fig. 4.6 d) ~ f) show the (015) RSM of AlN after GaN deposition. The deposition 

of GaN is shown to alter the strain state of the underlying AlN. By comparing the 20nm 

AlN RSM before and after GaN deposition in Fig. 4.6 a) and d), the relaxed AlN peak 

emerges upon deposition, suggesting the AlN tends to increase its in-plane lattice 

constant and lower the lattice mismatch with the fully relaxed GaN. For the 30 nm AlN 

layer as shown in Fig. 4.6 b) and e), the intensity of the strained (relaxed) AlN peak 

decreases (increases). The change of strain state of 50nm the AlN layer is negligible, as 

shown in Fig. 4.6 c) and f). The changes of AlN peak for the thin AlN templates (20 ~ 30 

nm) are not observed by the heat cycle without the deposition of GaN.  

The dynamic change of lattice constant of thin AlN during growth is correlated 

to the improved structural quality of GaN on thin AlN layer (20 nm). The increase of in-

plane lattice constant of AlN during GaN deposition allows the full relaxation of GaN as 

shown in Fig. 4.4, while at the same time reduces the tendency for dislocations to be 

formed in GaN. However, as the AlN is completely relaxed for thick AlN layers and 

misfit dislocations are formed during the relaxation process before the GaN deposition 
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as discussed in Fig. 4.3, the localized strain fields around the dislocations are likely to 

prohibit gliding and further change of the in-plane lattice parameter of the top region of 

AlN.112 The change of lattice constant at the top region of thick AlN is hence negligible, 

leading to the increase of strain for the following GaN deposited on top.  

4.4.  Conclusion 

In conclusion, the deposition of GaN is shown to alter the strain state of the 

underlying AlN template. The in-plane lattice constant of the AlN is found to increase 

upon growth of GaN, giving rise to a more relaxed GaN epitaxial layer. Hence the GaN 

epitaxial thin films possess better structural quality especially lower screw dislocation 

density and flat surfaces. Such relaxation mechanism of AlN is only observed for 

relatively thin AlN templates with thicknesses of 20nm ~ 30nm, but this effect is 

negligible for an AlN films with thicknesses of 50nm and above. As the thicker AlN 

templates are already relaxed before GaN deposition, the localized strain fields around 

the misfit dislocations prohibit further change of lattice parameters. 
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5. Graded composition InGaN growth and characterization  

5.1. Introduction 

InGaN is of great interest for various optoelectronic devices, such as light 

emitting diodes (LEDs) and lasers, and is by far the most successful material for 

emission in the blue/green.113 InGaN has surprisingly high internal quantum efficiency 

even with high threading dislocation (TD) densities greater than ρ ρπ ὧά .114 In 

addition, InGaN possesses a tunable bandgap from 0.7 eV up to 3.4 eV, covering the 

entire solar spectrum. Thus, InGaN is a potential multi-junction solar cells material, 

harnessing solar energy from a wide spectrum while utilizing the same material for each 

junction.115 However, the growth of InGaN on GaN with In composition x > 0.3 is 

challenging due to strain prohibiting the development of InGaN emitters and solar cells 

working in the yellow (550 nm) to the infrared (1770 nm). Thick GaN is generally used 

as a buffer layer preceding InGaN growth and the large lattice mismatch between high 

In-content InGaN and GaN leads to uncontrolled relaxation generated defects and non-

radiative recombination centers.116  

Various lattice-engineered buffers, such as superlattices and graded composition 

layers, have been developed in order to controllably release lattice strain while 

minimizing the generation of dislocations in lattice-mismatched heterostructures such as 

InGaAs/GaAs and InGaP/InP.117 Superlattice buffers with alternating compositions are 
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effective in reducing threading dislocation density by one to two orders of magnitude by 

facilitating the bending of dislocations.118-121 However, the dislocation density reduction 

ultimately saturates and new dislocations are formed at the superlattice interfaces.120,121 

Alternatively, graded composition layers reduce the dislocation density by facilitating 

dislocation glide due to the higher surface residual strain compared to that with an 

abrupt change of composition.122.123 Graded composition buffer layers have been proven 

to greatly reduce dislocation densities to lower than 105 cm-2 in In0.26Ga0.74As/GaAs, 

In0.33Ga0.67P/InP and Si0.7Ge0.3/Ge heterostructures.122-127  

The relaxation process of III-Nitride materials, with wurtzite crystal structure, is 

different in comparison to zinc blende compounds such as GaAs and GaP.128 The 

primary slip system {0001} <ρρςπ> of the III-Nitrides is inactive and dislocation glide 

occurs in the secondary slip system {ρρςς} <ρρςσ>.129-130 The activation energy of 

dislocation glide in the III-Nitrides is estimated to be slightly higher than those of GaAs 

and GaP, and increases linearly with band gap energy.131,132 Further, prior work enabling 

an understanding of dislocation behavior in III-Nitride compositionally-graded thin 

films is very limited.133,134 Understanding the growth mechanisms underlying the 

synthesis of compositionally-graded InGaN thin films using MBE, as well as the impact 

of growth conditions on the resultant structural, optical and electrical properties of 

graded films, is important to optimizing growth conditions for devices. In this chapter, 

we report on an investigation of MBE-grown InxGa(1-x)N thin films with continuously-

graded compositions from x = 0 to x = 0.3.  



85 
 

5.2. Growth of InGaN Gradient structure 

Three InGaN films, each designed to have a continuous compositional grading 

profile from x = 0 (bottom) to x = 0.3 (top), were grown under different conditions and 

compared. The graded composition is achieved by grading the substrate temperature Tg 

(sample A), the Ga flux ɮ  (sample B), or both (sample C) during growth. Schematics of 

the growth processes are shown in Fig. 1. The changes in substrate temperature, Tg, and 

Ga flux, ɮ ȟ are linear. The linear change in ɮ  is achieved by discretizing the Ga cell 

temperature, TGa, with decreasing ramp rate.  

 

Figure 5.1 Diagram of flux ratio ɮ Ⱦɮ  (dash-dot line), ɮ Ⱦɮ  (dashed line) and 

ɮ Ⱦɮ  (solid line) versus substrate temperature Tg in the growth processes of graded 

composition InGaN thin films A (red), B (blue) and C (black). The arrows point to the 

directions of growth. 
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 Fig. 5.1 shows a comparative analysis of the fluxes associated with the growth of 

samples A, B and C, where the x axis is the substrate temperature, 4, and the y axis is 

the flux of specific species normalized to the nitrogen flux, ɮ . The arrows point in the 

direction of the flux change during the growth of samples A (red), B (blue) and C 

(black). ɮ and ɮ represent the arriving flux (total incoming flux) and the effective flux 

(flux sticking to the surface). 

As the dash-dot lines show in Fig. 5.1, the effective Ga flux ɮ  equals the 

arriving Ga flux ɮ  (ɮ  ɮ ) during the growth of all samples since the re-

evaporation of Ga is negligible when the substrate temperature 4 is lower than φψπ .57 

ɮ  of A is constant at 0.7ɮ , while that of B and C decreases from  to 0.7ɮ  linearly. 

The dashed lines in Fig. 1 show the change in the effective In flux ɮ . Since Ga-N bonds 

are preferentially formed in comparison to In-N bonds due to their higher binding 

energy, ɮ  of all samples is kept equal to or lower than ɮ  to insure In incorporation.135 

In addition, the substrate temperature, Tg, is such that In can desorb from the surface 

(>550 ),55 so the effective In flux ɮ  is smaller than the arriving In flux, ɮ  (ɮ

ɮ πȢσɮ ), and is dependent upon Tg. In this case, ɮ  of A and C increases from 0 to 

0.3ɮ  as Tg decreases, while ɮ  of B is constant at 0.3ɮ . The solid lines in Fig. 1 show 

the overall effective III/V ratio ɮ Ⱦɮ ɮ ɮ Ⱦɮ  during growth, suggesting 

that the growth of A, B and C is N-rich (ɮ Ⱦɮ ρ , In-rich (ɮ Ⱦɮ ρ and near-

stoichiometric (ɮ Ⱦɮ  ͯρ, respectively.  
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5.3.  Composition distribution and strain  

 

Figure 5.2 Surface morphology of (a) sample A, (b) sample B, (c) sample C, and (d) bared 

GaN template, measured by AFM.  

The growth conditions in terms of relative fluxes can be inferred from film 

surface morphology, as shown in Fig 5.2. The use of N-rich growth conditions for InGaN 

is known to trigger three-dimensional growth resulting in a rough surface. Sample A, 

grown under N-rich conditions, is found using AFM to have an RMS roughness of ~18 

nm as shown in Table 5.2.136 Metal-rich growth conditions result in smooth surfaces, but 
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may possess surface metal droplets which are unfavorable for the growth of subsequent 

layers unless the droplets are intentionally desorbed using a growth interrupt and 

temperature ramp.54 The near-stoichiometric (slightly In-rich) growth condition used for 

sample C is preferable in terms of surface morphology and is found to have no surface 

droplets and a relatively smooth surface. The smoother surfaces of samples B and C in 

comparison to sample A support our inferences on growth conditions.  

 

Figure 5.3 In composition depth profiles of sample A, B and C by XPS with Ar+ etching. 

The solid curves are guides to the eyes. 

 The composition as a function of depth of each sample was determined using X-

ray photoelectron spectroscopy with Ar+ sputtering and is shown in Fig. 5.3. The In 3d 

and Ga 2p core level peaks were measured after each sputtering step and the In 
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composition is quantified using ὼ ὧὛ ͺ Ὓ ͺ Ὓ ͺϳ , where Ὓ ͺ  and Ὓ ͺ  are 

the areas of In 3d and Ga 2p peaks, and c is a constant determined using a reference 

InGaN sample of known composition. As shown in Fig. 5.3, the composition endpoints 

of the samples are approximately x = 0.3. Samples A (red) and C (black) have relatively 

slow grading rates ЎὼὨ in the low In composition range (π ὼ πȢς) compared to 

sample B (blue). The In compositions of both samples increase linearly up to 

approximately x = 0.2 with grading rates ЎὼὨ = 2 ‘ά  for sample A and ЎὼὨ

 1.3 ‘ά  for sample C. In contrast, sample B has a relatively fast grading rate ЎὼὨ = 

4 ‘ά  up to x = 0.2 which is reduced to 0.5 ‘ά  after growth of the first 50 nm.  

The in-plane and out-of-plane strains, Ὡ  and Ὡ, and the in-plane and out-of- 

plane lattice constants, ὥ and ὧȟ associated with the regions possessing the highest In 

composition for each sample are calculated from the InGaN peak endpoint positions in 

the ρπυ RSMs as shown in Fig. 5.4 are listed in Table 5.1.  

Table 5.1 Structural parameters of graded composition InGaN samples. 

sample x Growth Rate 

(nm/min) 

a 

(Å ) 

c 

(Å ) 

Ὡ  Ὡ R Ўὼ
Ὠ 

(‘ά ) 

A 0 0O.287 2.8 O 4 3.2153 5.4095 -0.0224 0.0142 0  O  0.2 2 

B 0 0O.317 4 3.2571 5.3940 -0.0128 0.0083 0  O  0.2 4 

C 0 0O.291 4 3.2232 5.4049 -0.0204 0.0130 0  O  0.6 1.3 
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Figure 5.4 (105) RSM of sample a) A, b) B and c) C. The red lines in the ρπυ RSM along 

ὗ  axis indicate the fully strain positions.  

The analysis reveals that the final strain in the InGaN layers is distinctly different 

for each sample. As shown in Fig. 5.4 the endpoint scattering peak centers of A and C 

(ὼ πȢσ), which are indicated by black arrows, almost align with the substrate 

suggesting a high level of residual strain in these InGaN films. The relaxation R, is 

estimated to be 2  0.2.  In contrast, B has an endpoint peak away from the fully-

strained position with 2  0.6. As shown in Table 5.1, the calculated strain in samples A 

and C with In compositional grading from x = 0 to x = 0.3 is twice that of sample B. The 

relaxation of sample B is triggered at a composition around x = 0.15, as the peak 

maximum starts deviating from the fully-strained line as shown in Fig. 5.4 b). This 
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indicates that the critical thickness of sample B is smaller than that of samples A and C, 

as the stress increases with grading rate in the first 50 nm. 112 

 This result correlates reasonably well with a calculation of the critical thickness 

based on the modified Matthews-Blakeslee model applied to a compositionally graded 

structure.112,122 In this model, a dislocation-free region with residual stress is generated 

near the surface. The chance of dislocation nucleation upon further deposition is 

reduced as a result of the facilitated dislocation glide, due to increased stress on 

dislocations and a reduced barrier to glide from pre-existing dislocations.112,122 In 

contrast, sample B with higher grading rate resembles the growth initiated with a large 

lattice mismatch, hence enabling the nucleation of dislocations at a smaller thickness in 

comparison to the other samples.  
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5.4. Electrical and optical properties 

 

Figure 5.5 Absorbance of sample A, B, C and bare GaN template. 

The absorption spectra of samples A, B and C, as well as that of a bare GaN 

template, are shown in Fig. 5.5. The GaN template has a steep absorption edge at 

energy Ὁ σȢττ Å6, determined by a linear interpolation of the absorption edge to the 

background absorbance level. The absorption edge energies, Ὁ, of the samples have 

roughly similar values from 1.75 eV to 2.00 eV, corresponding to the measured 

composition endpoints, as listed in Table 5.2. However, as a result of the relatively broad 

composition spans of these samples, the band edges are not as abrupt as the GaN 

template. The absorbance intensity increases from A to C to B. Since B and C have 
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similar thickness, it is evidence that the graded-composition InGaN sample synthesized 

under In-rich conditions has the higher absorption coefficient.  

Table 5.2 Surface morphology, optical and electrical properties of graded composition 

InGaN samples. 

sample Ўὼ
Ὠ 

(‘ά ) 

Ὁ 

(eV) 

Ὁ  

(eV) 

‘ 

ὧάȾὠϽί  

RMS 

(nm) 

    A 2 1.75 2.31 79.8 18 

    B 4 2.00 2.58 61.0 2 

    C 1.3 1.80 2.27 81.9 5 

 

 

Figure 5.6 Room temperature photoluminescence (RTPL) of sample A, B and C. 
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 Room temperature photoluminescence (RTPL) spectra of the three samples are 

shown in Fig. 5.6. The RTPL peak energiesȟὉ ȟ are listed in Table 5.2. In contrast to 

epitaxial layers with uniform composition, the Ὁ of these graded-composition samples is 

lower than Ὁ . This is because analysis of the RTPL spectrum must consider absorption, 

reabsorption, and carrier transfer due to the bandgap variation with depth. RTPL of such 

structures may undergo three processes. First, the 325 nm laser excitation could be entirely 

absorbed by the InGaN close to the surface, since these areas have smaller bandgap energy 

than the excitation energy. As Fig. 5.6 shows, the GaN peak at 3.44eV of sample A is 

relatively strong, indicating the GaN template is optically excited, likely due in part to the 

fact that this sample is 25% thinner than the other two samples. The relative GaN 

adsorption in samples B and C is much lower. Second, RTPL from the InGaN at the 

template interface can be partly reabsorbed by InGaN close to the surface, contributing to 

the RTPL intensity in the lower energy range. Third, carriers generated near the template 

interface could transfer to the surface which possesses lower bandgap energy. All of these 

three processes contribute to the photoluminescence emission close to the composition 

endpoints.  

In addition, the peak RTPL intensity of sample C is 25% higher than A and 67% 

higher than B as shown in Fig. 5.6 The RTPL difference between samples C and A is likely 

due to the fact that C is thicker than A. However, the 67 % RTPL enhancement of C to B 

is likely the result of a relative suppression of dislocation formation, resulting in better 

radiative recombination efficacy. This conclusion is supported by the differences in 
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electron mobility for the samples as shown in Table 5.2. The mobility of samples A and C 

are 33% higher than B, which can be attributed to a lower concentration of carrier 

scattering centers. These results correlate with the x-ray analysis indicating that there is a 

higher residual strain and lower dislocation density close to the surface of samples A and 

C. On the other hand, the lower In composition regions of samples A and C were 

deposited at a relatively high temperature compared to that used for sample B, which 

could also potentially contribute to the realization of lower defect densities for these two 

samples.  

5.5.  Discussion of prospective applications 

These results show that graded-composition InGaN is promising for use as buffer 

layers or possibly active layers such as those needed for high-efficiency solar cells. Sample 

C, which was grown under near-stoichiometric conditions (slightly In-rich), is the most 

suitable for optical applications in terms of surface morphology, absorption coefficient, 

photoluminescence response, and carrier mobility. This is due to its higher growth 

temperature and its relatively slow and constant grading rate (ЎὼὨͯ  ρȢσ ‘ά  up to x = 

0.2). As typical buffer layers are microns thick, further improvement is expected with the 

use of lower grading rates.122 Regrowth of high-In composition InGaN with low 

dislocation densities on top of such a buffer layer is possible and will enable electrical and 

optical devices with InGaN epitaxial layers of high In composition (x > 0.3). As stated 
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earlier, graded-composition InGaN is also a promising candidate for high-efficiency solar 

cell applications due to its tunable bandgap overlapping with the solar spectrum.116,137 90% 

of light with energies greater than the bandgap will be absorbed by InGaN with thickness 

over 240 nm, due to the high absorption coefficient on the order of 105 cm-1.138 The 

controlled residual strain and strong photoluminescence suggests the suppression of 

dislocation generation, which will lead to enhanced carrier lifetime required for efficient 

carrier collection.137 

5.6.  Conclusions 

In conclusion, 200 nm ~ 240 nm thick graded-composition InxGa(1-x)N thin films 

with composition increasing from x = 0 to x = 0.3 were synthesized on GaN templates  

using a PAMBE. The compositional grading is achieved by changing the Ga flux, 

substrate temperature and both, resulting in In-rich, N-rich and near-stoichiometric 

growth conditions, respectively. X-ray diffraction analysis shows the compressive 

residual strain at the surface is doubled from -0.0128 to -0.0224 by decreasing the 

grading rate from 4 ‘ά  to 1.3 ‘ά , due to suppression of relaxation and dislocation 

formation. In addition, simultaneous grading of both the substrate temperature and Ga 

flux allows a higher growth temperature and a relatively smooth surface. With reduced 

dislocation density, strong photoluminescence response, and high electron mobility, 



97 
 

graded-composition InGaN layer has the potential to be used as a buffer layer enabling 

the growth of high In-composition InGaN for optoelectronic applications. 
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6. High aluminum InAlGaN multiple quantum wells for 

deep UV emitters  

6.1. Introduction 

Compact sources of deep ultraviolet UVB radiation (280 nm - 320 nm) are 

increasingly required for various household and industrial applications including 

phototherapy, water purification, air sterilization, and photocatalytic decomposition of 

industrial waste.1,139,140 Of the various laser and light emitting diodes (LEDs) developed 

for these applications, semiconductor-based deep ultraviolet (DUV) sources potentially 

offer the lowest cost, highest energy efficiency, and most compact solutions; 

consequently, they have been aggressively investigated for more than a decade.1,4,5 

However, in comparison with the tremendous commercial success of InGaN-based 

visible wavelength emitters, realizing efficient AlGaN- or InAlGaN-based DUV 

quantum well (QW) emitters has proven quite challenging.141,142 UVB emission requires 

high Al content (y > 40%) AlyGa(1-y)N QW barriers, which becomes progressively 

challenging to synthesize as Al content increases.143 InxAlyGa(1-x-y)N is strongly preferred 

as an active layer material due to the freedom for bandgap and lattice engineering 

offered by introducing small amounts of In (x < 5%).  InAlGaN also offers superior 

radiative recombination efficiency. It is commonly believed that In incorporation 

introduces radiative centers that localize carriers so they may avoid unfavorable non-

radiative recombination at defect sites.39,43,44,144,145 
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To date, most InAlGaN DUV emitters have been synthesized using metalorganic 

chemical vapor deposition (MOCVD).141,146,147 However, producing highly conductive p-

type contact regions is challenging for MOCVD, especially for high Al composition 

AlGaN or InAlGaN, due to hydrogen-related precursors and dopant passivation that 

occurs during deposition.148,149  Output powers and device lifetimes are limited by 

inefficient current spreading and heat dissipation, and Mg-doped InGaN or GaN contact 

layers are usually needed for p-type contacts in DUV emitters synthesized by MOCVD, 

but these would reabsorb much of the emitted DUV light.145 

In contrast, quaternary III-Nitride materials synthesized by molecular beam 

epitaxy (MBE) are comparatively free of hydrogen contamination, and higher p-type 

conductivity can be achieved without an InGaN layer.150 In addition, MBE permits 

metal- rich growth conditions that provide superior control over surface and interfacial 

properties essential for high quality multiple-quantum-well (MQW) device structures. 

To date there have been only a few reports of InxAlyGa(1-x-y)N deposition by MBE, mostly 

focusing on low Al composition ( y  0.4 ) InxAlyGa(1-x-y)N films.151-155 The development of 

high Al content ( y  0.4 ) InxAlyGa(1-x-y)N materials and MQW structure is relatively 

immature, the requirements for achieving room temperature DUV emission are poorly 

understood, and only limited information is available about the relationship between 

optical and structural characteristics.156,157 In addition, report on MBE synthesis of high 

Al content (y > 0.4) InxAl yGa(1-x-y)N MQW structure is non-exist. The understanding of 

the epitaxial material properties to the optical behavior of high Al content InxAl yGa(1-x-y)N 
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MQWs is limited, and the configuration of high Al content MQWs has been in an 

arbitrary manner thus far.       

In this chapter, we report a comprehensive investigation of the structural and 

optical characterization of high Al (y > 0.4) composition InxAl yGa(1-x-y)N thin films and a 

InxAl yGa(1-x-y)N MQW structure deposited by MBE. The insights gleaned from this 

investigation along with the numerical simulation of the MQW behaviors allow a better 

understanding of the material requirements to achieve an InAlGaN based deep UV 

emitter with higher efficiency.   

6.2. InAlGaN thin film growth 

A Veeco Gen II radio frequency plasma assisted molecular beam epitaxy (rf-

PAMBE) system deposited InAlGaN thin films on 5 ʈÍ thick hydride vapor phase 

epitaxy (HVPE) GaN templates. Onto the four GaN templates were deposited 50 nm 

thick GaN buffer layers at 680°C using Ga-rich conditions.  Afterwards, three InAlGaN 

films and an AlGaN reference sample, all 60 nm thick, were deposited at the same 600°C 

substrate temperature, measured by a pyrometer. The N2 plasma was created by 350 W 

of rf power and flowed at 1.0 sccm. Under these conditions, previous reports indicated 

re-evaporation of In limits the maximum In incorporation to x = 0.05,153 and this was 

achieved in the In0.05Al0.47Ga0.48N sample.  
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Table 6.1 Compositional, Structural, and Optical Characteristics of the InxAlyGa(1-x-y)N 

samples. 

Composition x=0.05,y=0.47 x=0.02,y=0.40 x=0.01,y=0.49 x=0.00,y=0.50 

III/V ratio  1.1 = 1  0.9  0.9 

Lattice mismatch 0.6 % 0.76 % 1.1 % 1.2 % 

ππς ὥὶὧίὩὧ 269 (13) 334 (17) 384 (19) 300 (15) -)7& ‫ 

πρυ ὥὶὧίὩὧ 384 (19) 371 (19) 697 (35) 519 (30) -)7& ‫ 

RMS roughness (nm) 1.24 2.40 2.89 1.69 

Ὁ (eV) 4.247 (212) 4.3793 (219) 4.521 (225) 4.630 (230) 

Ὁ  (eV) 3.755 (5) 3.902 (47) 4.045 (13) 4.240 (9) 

Stokes shift (eV) 0.492 (25) 0.477 (26) 0.476 (24) 0.390 (20) 

PL line width (eV) 0.127 (6) 0.435 (22) 0.468 (23) 0.290 (15) 

 

The compositions of the samples were measured by multi-voltage, multi-layer, 

electron probe microanalysis (EPMA) using a Cameca SX51 electron probe with 7 and 12 

keV beam energies, while N Ka was analyzed with a 100 Å  pseudo-crystal and a curved 

background fit with Probe for EPMA software. As shown in Table 1, the InxAlyGa(1-x-y)N 

samples had decreasing In compositions of x = 0.05, 0.02, and 0.01 with concomitant 

decreases of the III/V flux ratio. Table 1 also shows that the III/V ratio of these three 

samples changed from metal-rich (In0.05Al0.47Ga0.48N, with excess In) to stoichiometric 

(In0.02Al0.40Ga0.58N) to N-rich (In0.01Al0.49Ga0.50N). The growth regimes were confirmed by 

the in situ reflective high-energy electron diffraction (RHEED) pattern and the ex situ 
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surface examination of In droplet residue. A reference Al0.5Ga0.5N sample was also 

synthesized and is listed in the table for comparison.  

 

Figure 6.1 X-ray diffraction (015) RSM of a) In0.05Al0.47Ga0.48N, b) In0.02Al0.4Ga0.58N, and c) 

In0.01Al0.49Ga0.5N. The axes Qz and Qx are the reciprocal space vectors. The Bragg peaks at 

the bottom are from GaN, and the peaks on top are from InAlGaN. The red R = 0 and R = 

1 lines represent the InAlGaN film fully strained to the GaN template and fully relaxed, 

respectively. The dotted red lines represent the relaxation position ranging from R = 0 to 

R = 1. 

The lattice mismatch of the InAlGaN samples to GaN is estimated to increase 

from 0.6% to 1.1% as the In composition decreases from x = 0.05 to 0.01. Fig. 6.1 shows 

the XRD-measured (015) reciprocal space map (RSM) of the three InAlGaN samples. The 

strain line (R = 0) in Fig. 6.1 a) shows the peak for In0.05Al0.47Ga0.48N is symmetrical in 

shape and fully strained to the GaN template. In Fig. 6.1 b), the In0.02Al0.4Ga0.58N peak is 

also centered at the fully strained position, suggesting the majority of the thin film is 
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strained.  However, the peak is asymmetrical in shape, and the range of spreading along 

the relaxation line from strained (R = 0) to relaxed (R = 1) indicates partial relaxation, 

with the most relaxed part reaching R Ū 0.8 – 1.0. Fig. 6.1 c) shows In0.01Al0.49Ga0.5N is the 

most relaxed of the three samples: the main peak clearly shifts away from the fully 

strained position with R  0.15, indicating the majority of the thin film is relaxed, and 

the most relaxed part reaches R  1.  

 The structural quality of the samples was also characterized by the FWHM of X-

ray diffraction scan in (002) and (015) plane listed in Table 1. Sample In0.05Al0.47Ga0.48N ‫ 

has a very narrow 269 - 384 arcsec FWHM in both planes, comparable to the best results 

reported (305 - 566 arcsec) for MOCVD-grown material with y  0.40.158 While the 

FWHM of the ,scan in the (002) plane increases by ~ 30% with increasing relaxation ‫ 

the value in the (015) plane nearly doubles.  This suggests that the dislocations generated 

by the relaxation process are mainly edge-type.54 
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Figure 6.2 AFM-measured surface morphology of a) In0.05Al0.47Ga0.48N, b) In0.02Al0.4Ga0.58N, 

c) In0.01Al0.49Ga0.5N, and d) reference Al0.5Ga0.5N. The scan range is 5 µm x 5 µm, and the 

vertical scale is 3 nm.  

 

 The surface morphology of the three InxAlyGa(1-x-y)N samples was characterized 

with AFM as shown in Fig. 6.2. Measurements were taken after etching the samples in 

50% HCl for 10 mins to remove the excess Ga. In0.05Al0.47Ga0.48N possesses the flattest 

surface with RMS roughness of 1.24 nm, comparable to the GaN template (RMS = 1.1 

nm).  The continuous streak pattern observed using reflection high-energy electron 
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diffraction (RHEED) suggests step-flow growth occurs under In-rich conditions. The 

smooth surface is attributable to both the In-rich growth conditions and pseudomorphic 

growth.  AFM measurements reveal surface depressions with an average depth of 2 nm 

and density of  ͯρπ  ὧά , comparable to the threading dislocation density in the GaN 

template.  This suggests that the In0.05Al0.47Ga0.48N surface depressions are open-core 

dislocations seeded by the underlying threading dislocations in the template, implying 

that In0.05Al0.47Ga0.48N epitaxy does not introduce extra dislocations.  This deduction is 

further supported by X-ray diffraction analysis that finds relatively narrow FWHM 

linewidths in the (002) and (015) planes, suggesting that this film is fully strained to the 

template. The surface of this sample is composed of flat features with lateral sizes 100 - 

200 nm, excluding the possibility of hillocks, as spiral features are not observed.159  

Conversely, the In0.02Al0.40Ga0.58N and In0.01Al0.49Ga0.50N samples have rougher 

surfaces whose RMS is double that of the In0.05Al0.47Ga0.48N sample. The RHEED pattern 

shows spotty lines for both samples, suggesting three-dimensional (3D) growth. Post-

growth surface examination with an optical microscope found no Ga droplet residue for 

the In0.01Al0.49Ga0.50N film and only a few Ga droplets for the In0.02Al0.40Ga0.58N film, 

respectively suggesting N-rich and nearly stoichiometric growth regimes for these two 

samples. Indeed, the surfaces of these samples are comprised of fine features, with 

characteristic sizes 10 - 20 nm, and a much higher density of coarse, open core 

dislocations, with characteristic sizes 0.1 - 0.5 µm. Fig. 6.2 reveals that the open-core 

dislocations in the In0.01Al0.49Ga0.50N film are more uniformly distributed, while in the 
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In0.02Al0.40Ga0.58N film they are more aggregated at grain boundaries with a lower density 

in the grains themselves. The increased dislocation density of both samples compared to 

In0.05Al0.47Ga0.48N is the result of relaxation, again confirmed by XRD analysis that 

revealed broader diffraction peaks. Indeed, the open-core dislocation density in the 

In0.01Al0.49Ga0.50N film (  ͯρπ ὧά ) is more than an order of magnitude higher than that 

in the reference Al0.5Ga0.5N sample.   

 

Figure 6.3 a) Experimental (red crosses) and calculated ellipsometric angle ὸὥὲ ) and 

ÃÏÓ  from a model with a homogeneous layer (solid curve) and with secondary In-

rich phase of a representative InxAlyGa(1-x-y)N sample (In0.01Al0.49Ga0.50N) (dot-dash curve). 

b) The absorption edge of the InxAlyGa(1-x-y)N samples and reference Al0.5Ga0.5N sample, 

obtained by SE, overlaid by linear extrapolations to indicate the estimation of EA. 
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Spectroscopic ellipsometry was used to estimate the dielectric functions of the 

InAlGaN films using the measured ellipsometric parameters, ɰ and ɝȢ After accounting 

for the SE response of the GaN templates measured at room temperature prior to 

deposition, a multilayer model was used consisting of four layers: GaN-template/ GaN 

buffer/ InAlGaN layer/ surface roughness. The complex dielectric function,  ‐ᴐ‫

‐ᴐ‫ Ὥ‐ᴐ‫ ὲ ὭὯ, where ὲ is the refractive index and Ὧ is the extinction 

coefficient related to the absorption coefficient  ‌ τ“ὯȾ‗ of each epitaxial InAlGaN 

film layer, was fitted by assuming a Tauc-Lorentz dispersion equation.160 The surface 

roughness was modeled using a Bruggeman effective medium approximation of 50% 

InAlGaN + 50% voids. This methodology produced high quality fits of the spectra, as 

shown in Fig. 6.3 a) as an example.  In addition, high fidelity fits are achieved by using a 

dispersion model consisted of homogenous InAlGaN with a goodness of fit … ρ, 

suggesting that the incorporation of In does not introduce In-rich regions or quantum 

dots. Even forcing the model to include a secondary In-rich phase as low as 5% reduced 

the quality of the fit and increased the …  from ~1 to ~50, as shown in Fig. 6.3 a).   

The refractive index ὲ and the absorption coefficient ‌ were derived from the 

real and imaginary parts of the dielectric function ᴊ ᴐ‫  and ᴊ ᴐ‫  obtained using 

this model. Because the absorption coefficient is related to the optical bandgap energy as 

‌ᴐ‫ ᶿ ᴐ‫ Ὁ Ⱦ  in the parabolic bandgap approximation, the bandgap energy EA 

may be obtained by linearly extrapolating the function ‌ (ᴐ‫  to zero.72,161 The observed 

decrease in EA with increasing In composition, plotted in Fig. 6.3 b), is consistent with 
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predictions from empirical models, in which the quaternary compound band gap energy 

is described by the equation  

 

 Ὁ ὼὉ ώὉ + ρ ὼ ώὉ ὼρ ὼὦ ώρ ώὦ ,  (6.1)  

 

where Ὁ , Ὁ , and Ὁ  are the bandgap energy of InN, AlN, and GaN, respectively, 

while ὦ  = 3.9 eV and ὦ  = 1.0 eV are bowing parameters.153  

 

Figure 6.4 RTPL spectra of these same samples, with an inset plotting the Stokes shift. 
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 Fig. 6.4 shows the RTPL spectra of the InAlGaN films and the reference 

Al0.5Ga0.5N sample. UVB emission at Ὁ  = 3.902 and 4.045 eV (  = 318, 307 nm) is 

observed for the In0.02Al0.40Ga0.58N and In0.01Al0.49Ga0.50N films, respectively. Table 6.1 

shows that all three InAlGaN films exhibited similar Stokes shifts (0.476 - 0.492 eV), 86 - 

102 meV larger than that of the AlGaN reference sample (0.390 eV). Clearly, the 

introduction of In induces a larger Stokes shift. Such large Stokes shifts in InGaN have 

routinely been attributed to carrier localization at In centers.39,67,89,162-167 Specifically, these 

In localization centers may occur either as microscopic, quantum-dot like 

inhomogeneities 144,165,166 or as uniformly distributed atomic In condensates formed by 

chains of In-N-In.42-44 The former is excluded in our films as SE measurements indicated 

no quantum-dot like inhomogeneous compositional domains in any sample, and the 

inset of Fig. 6.4 shows that the Stokes shift is relatively insensitive to increasing In 

composition. Quantum dot-like In inhomogeneous domains would produce Stokes 

shifts that increase significantly with increasing In composition.144,39,165,166 Finally, the 

RTPL result in Fig. 6.4 indicates that the PL linewidth decreases with increasing In 

composition, an observation that correlates well with the theoretical prediction of chain-

like In-N-In condensates.43  

Finally, the RTPL intensity increases with increasing In composition, with the 

intensity of the In0.05Al0.47Ga0.48N film almost three times brighter than that of the 

In0.01Al0.49Ga0.48N film. We conclude from these data that the PL efficiency is dependent 

upon the competition between radiative centers that localize carriers and non-radiative 
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centers associated with relaxation-induced dislocations. Given that the Stokes shifts 

observed for the InAlGaN films are similar, it is likely that the concentration of radiative 

centers does not change significantly over this composition range, and the non-radiative 

centers are dominant. 

6.3. High Al content (y > 0.4) InxAlyGa(1-x-y)N multi-quantum-

wells  

A Veeco Gen II radio frequency plasma assisted molecular beam epitaxy (rf-

PAMBE) system deposited InAlGaN thin films and MQWs on 5 ʈÍ thick hydride vapor 

phase epitaxy (HVPE) GaN templates. Onto the GaN templates were deposited a 50 nm 

thick GaN buffer layers at 680 °C using Ga-rich conditions. Afterwards, two reference 

InAlGaN films and MQWs, all ~ 64 nm thick, were deposited at the same 600 °C 

substrate temperature, measured by a pyrometer. The N2 plasma was created by 350 W 

of rf power and flowed at 1.0 sccm. The compositions of the two reference samples were 

determined to be In0.05Al0.47Ga0.48N and Al0.5Ga0.5N respectively, by multi-voltage, multi-

layer, electron probe microanalysis (EPMA) using a Cameca SX51 electron probe with 7 

and 12 keV beam energies, while N Ka was analyzed with a 100 Å  pseudo-crystal and a 

curved background. The well and barrier composition of the MQWs were designed to 

match the two reference samples, and the MQWs consists of five In0.05Al0.47Ga0.48N well 

layers of 3 nm thick, separated by six Al0.5Ga0.5N barrier layers of 8 nm thick. During the 
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synthesis of the MQWs, the well and barrier composition were implemented by 

switching only the In shutter, while the substrate temperature and metal flux were fixed, 

as such to achieve the abrupt interfaces without any growth interruption. Further, 

having the barrier and well region with similar Al and Ga composition reduces the 

polarization field as well as alleviating the quantum confined Stark effect (QCSE) in the 

quantum well. The absorption characteristics of the samples were measured in situ with 

a Horiba-HJ UVISEL spectroscopic ellipsometer (SE).  Room temperature 

photoluminescence (RTPL) spectra were recorded in Army’s Aviation and Missile 

RD&E Center using an Acton SpectraPro 300i 30cm spectrometer with a liquid nitrogen 

cooled, back illuminated CCD from Roper Scientific. The samples were excited by a 

continuous wave 244 nm laser from Cambridge Laser Labs with an excitation irradiance 

of ~ 60 mW/cm2 and a 1 mm diameter spot size on the sample.  
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Figure 6.5 X-ray diffraction (015) RSM of sample a) In0.05Al0.47Ga0.48N, b) Al0.5Ga0.5N, and 

c) MQWs. The red R = 0 and R = 1 lines represent the InAlGaN film fully strained to the 

GaN template and fully relaxed, respectively. The dotted red lines represent the 

relaxation position ranging from R = 0 to R = 1. AFM-measured surface morphology of 

sample d) In0.05Al0.47Ga0.48N, e) Al0.5Ga0.5N, and f) MQWs. The scan range is 2.5 µm  5 

µm. 

 Fig. 6.5 a), b) and c) show a comparison of the (015) X-ray diffraction (XRD) reciprocal 

space maps (RSM) of the In0.05Al 0.47Ga0.48N and Al0.5Ga0.5N reference samples, and the MQW 
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sample. As shown in Fig. 6.5 a) the diffraction peak of the In0.05Al 0.47Ga0.48N reference sample is 

symmetric and fully strained to the GaN template with a lattice mismatch of 0.6%. In contrast, the 

Al 0.5Ga0.5N reference sample with a lattice mismatch of 1.2% is partially relaxed as inferred from 

the peak center shift to R 0.1 ~ 0.3 with the most relaxed part reaching R  0.8. Fig. 6.5 c) 

shows the 0th order peak of the MQWs at a lower angle which represents the average composition 

of the structure. As shown in this figure, the relaxation of the MQWs is similar to that of the 

Al 0.5Ga0.5N reference sample which is expected as the total thickness and the composition of these 

two samples are comparable.  

The surface morphologies of the three samples were characterized using AFM as shown 

in Fig. 6.5 d), e) and f). Measurements were taken after etching the samples in 50% HCl for ten 

minutes to reveal the surface depressions covered by excess Ga. All three samples retain 

relatively smooth surfaces with RMS ranging from 1.08 nm to 1.69 nm comparable to a bare GaN 

template (RMS = 1.10 nm). Cracks are present on the surfaces of all the samples due to the 

relaxation of tensile strain with the exception of the In0.05Al 0.47Ga0.48N reference sample. Surface 

depressions with diameters of 10 - 50 nm and an average depth of 2 nm are observed for the 

In0.05Al 0.47Ga0.48N and Al0.5Ga0.5N reference samples with densities of  ͯρπ  ὧά  and 

 ͯρπ  ὧά  respectively. These depressions can be attributed to open-core threading 

dislocations (TDs).17,81 The higher density observed for the Al 0.5Ga0.5N sample is due to 

relaxation which is supported by XRD data shown in Fig. 6.5 a) and b). The TD density of the 

MQWs is estimated to be on par with that of the Al0.5Ga0.5N reference, as the (002) and (015) 

plane scan full widths at half maximum (FWHMs) of these two samples are comparable. These ‫ 

dislocations may act as mid-gap traps reducing the internal quantum efficiency (IQE).168 On the 

other hand, as shown in Fig. 6.5 e) and f), the MQW sample has a surface depression density 

similar to that of the In0.05Al 0.47Ga0.48N. The density reduction is likely due to strain modulation 
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resulting from the composition variation intrinsic to the MQW structure which preferentially 

nucleates closed-core TDs or facilitates TD bending at the barrier/well interfaces.119 It is also 

possible that the addition of In flux during MQW growth increases the III/V ratio, effectively 

lowering the formation energy of Ga-filled core TDs or nitrogen vacancies, substituting the open-

core TDs formation.169-172 
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Figure 6.6 (a) The absorption edge of the wells and barriers of MQWs, and the reference 

samples, obtained by SE. Dotted curves are linear extrapolations to indicate the 

estimation of EA. (b) Room temperature photoluminescence of the MQWs and the 

reference samples. 
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Spectroscopic ellipsometry (SE) was used to estimate the dielectric functions of the 

reference samples and the MQWs using the methodology described in previous reports. 72,161,173 

The refractive index ὲ and the absorption coefficient ‌ were derived from the real and imaginary 

parts of the dielectric function ᴊ ᴐ‫  and ᴊᴐ‫ . The bandgap energy EA is obtained by 

linearly extrapolating the function ‌ (ᴐ‫  to zero as shown in Fig. 6.6 a).174 As such, the band 

edge energy Ὁ of the well and barrier of the MQWs are determined separately to be 4.21 eV and 

4.70 eV respectively. In comparison, the Ὁ of wells is very close to the reference sample 

In0.05Al 0.47Ga0.48N (Ὁ  = 4.24 eV) and the Ὁ of the barriers is slightly higher than that of the 

Al 0.5Ga0.5N (Ὁ = 4.57 eV) reference.  

Fig. 6.6 b) shows the room temperature photoluminescence (RTPL) of the reference 

samples as well as the MQW sample. The UV emission peak energies Ὁ  of the three samples 

are 3.75 eV, 4.24 eV and 3.92 eV, for the In0.05Al 0.47Ga0.48N, Al0.5Ga0.5N and MQW samples 

respectively as shown in Table 1. The emission peaks from the GaN templates are the near 

bandedge peak at 3.42 eV and yellow luminescence from 1.5 - 3.2 eV. Using the Ὁ determined 

by the spectroscopy ellipsometry, the Stoke’s shift of the In0.05Al 0.47Ga0.48N and Al0.5Ga0.5N 

samples are 0.49 eV and 0.39 eV, respectively. Clearly, the introduction of In induces a larger 

Stokes shift, which has routinely been attributed to carrier localization at In centers.39,42-44,144,145 

On the other hand, the calculated emission energy of the MQWs is 4.390 eV which leads to a 

Stoke’s shift of 0.467 eV for the MQW sample which is similar to that of the In0.05Al 0.47Ga0.48N 

sample. This suggests In-related carrier localization also plays a role in the In-containing MQWs. 

In addition, the RTPL intensity of the MQWs is ~10 higher than the In0.05Al 0.47Ga0.48N sample 

and ~20  higher than the Al0.5Ga0.5N sample. Such emission enhancement is due to the strong 

carrier confinement in the MQWs which effectively reduces the radiative recombination lifetime. 

In addition, the In-related carrier localization in the well region further reduces non-radiative 
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recombination at dislocation sites by confining the carriers at the In centers. Intense yellow 

luminescence in the visible range (1.5 ~ 3.2 eV) is also observed for all three samples, the origin 

of which will be discussed below in relation to the numerical simulation results.          

Table 6.2 Optical characteristics of the reference samples and the MQWs. (Errors are 

rounded to the least significant digit) 

Composition In0.05Al0.47Ga0.48N Al0.5Ga0.5N MQWs 

Ὁ (eV) 4.24 (21) 4.63 (23) 
W:4.21 (20) 

B:4.70 (23) 

Ὁ  (eV) 3.75 (18) 4.24 (22) 3.92 (20) 

Stokes shift (eV) 0.49 (3) 0.39 (2) 0.47 (23) 

 

The MQWs were studied using Silvaco Atlas simulations of band structure, carrier 

distribution and recombination characteristics. Experimentally-determined material parameters 

were used when possible, otherwise previously reported values were used, for example …

υȢστ Ὡὠ, … τȢσρ Ὡὠ, and … ςȢτς Ὡὠ, 175 and carrier mobility as ‘ ςππ ὧάὠ ί  

and ‘ ρπ ὧάὠ ί ,176,177 and Shockley-Read-Hall (SRH) lifetimes as † ρ ὲί, 178,179 

and a radiative combination constant ὅ ρȢρ ρπ ὧάί .180 The strain of each layer is 

assuming a relaxation of Ὑ πȢψ as indicated by the x-ray diffraction results shown in Fig. 6.5 c). 

To account for the reduction of polarization field in the structure due to relaxation, the 

polarization surface charge is reduced to 0.6 of the original value.7 The band edge energy and 

dielectric function of the well and barrier regions are chosen with the values based on SE 
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characterization and modeling. The sensitivity of simulation results to the major material 

parameters is discussed below. 

 

Figure 6.7 Numerical simulation of the MQWs with optical excitation level of 

φπ άὡȾὧά. a) Energy-band diagram assuming a full strained (R = 0, ὖ ρ) and a 

partially relaxed (R = 0.8, ὖ πȢφ) structure. b) Electron and hole concentration 

distribution. c) Radiative recombination rate ὶ  vs. excitation power level. 
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Fig. 6.7 a) shows the simulated energy band diagram of the MQW structure under 

φπ άὡȾὧά excitation with the solid curve representing the structure with Ὑ πȢψ relaxation 

and the dotted curve representing a fully strained structure for comparison. Band bending with a 

steep triangular slope in the well and barrier layers is observed which is due to the strong 

polarization field in the III-N heterostructure. Fig. 6.7 b) shows the carrier density across the 

structure. The electron density is primarily a result of polarization-induced carriers and ranges 

from ρπ ͯ ρπ ὧά  in the well regions. The optically-generated holes are confined to the 

well regions with density of ρπ ͯ ρπ ὧά . Due to the quantum-confined Stark effect 

(QCSE), the electrons and holes are concentrated at opposite quantum well interfaces reducing 

carrier overlap and recombination efficiency. Fig. 6.8 a) shows the calculated radiative 

recombination rate, ὶ , as a function of well width, ύ, under different polarization fields. The 

result shows the optimum ύ decreases as the polarization field increases. A width of ύ ͯ τ ὲά is 

required to achieve the highest ὶ  assuming fully-strained MQWs. Deviation from the optimum 

ύ will result in a lower ὶ  due to either reduction in the confinement of carriers (ύ τ ὲά) or 

carrier overlap (ύ τ ὲά). MQWs with zero polarization field are shown not relevant to the 

carrier overlapping issue. On the other hand, a higher optimal ὶ  is found for a polarized 

structure due to increase in the effective well depth as shown in Fig. 3 a) which results in a higher 

carrier density for a given carrier injection level. The effect of well depth Ὠ on ὶ  is shown in 

Fig. 6.8 b). Initially, ὶ  increases with Ὠ until Ὠ ͯ πȢτ Ὡὠ due to better carrier confinement and 

increasing carrier density in the wells. Further increase of Ὠ leads to a reduction in ὶ  in 

preference to Shockley-Read-Hall (SRH) recombination. 
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Figure 6.8 Numerical simulation of the ὶ  dependent on a) Well width ύ, under 

different polarization field. b) Well depth Ὠ. c) SRH lifetime † . The lines connecting 

the data points are guides to the eyes. 

The solid curve in Fig. 6.8 c) is the simulated ὶ  across the structure with excitation 

power density of φπ άὡȾὧά in which the QW closest to the surface dominates the optical 
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emission with ὶ  approximately two orders of magnitude higher than that of the fifth one. This 

is the result of a much higher electron concentration in the first QW due to the downward band 

bending as shown in the Fig. 3 a) and b), and ὶ  is directly proportional to the electron density. 

For the similar reason, the ὶ  at the MQW - GaN buffer interface is comparable to that of the 

first QW due to the presence of a polarization-induced electron accumulation on the order of 

ρπὧά . This explains the bright yellow luminescence in MQW sample as well as in reference 

samples as shown in Fig. 6.6 b) which is induced by recombination through dislocation-related 

midgap states at the buffer interface. As such, the yellow luminescence can be suppressed by 

substituting the GaN buffer layer with AlGaN with comparable or higher Al content thereby 

reducing the interfacial electron accumulation. Further, if the injected carrier density is increased 

to a level on par with the polarization-induced carrier density the radiative recombination in the 

MQWs will dominate as shown by the dotted curve in Fig. 6.7 c). On the other hand, the 

excessively high dislocation density is another limiting factor towards achieving efficient 

radiative recombination. The blue curve in Fig. 6.8 c) is the simulation of ὶ  as a function of 

†  of the epitaxial material. ὶ  increases exponentially until †  reaches ρπ ὲί, and 

becomes constant for † ρππ ὲί. Given the †  of ρπ ὲί and the electron mobility ‘ of 

ςππ ὧάὠ ί , the diffusion length of electrons is 2.3 ‘ά, which translates to a non-radiative 

recombination center density of ͯ ρπὧά . As shown in the AFM measurement, both the 

epitaxial single layers and the MQWs possess a dislocation density on the order of 

ρπͯ ρπὧά  which falls into the dislocation-limited regime as shown in Fig. 6.8 c). More than 

a ten-fold ὶ  enhancement can be achieved if the dislocation density can be reduced to 

ρπὧά  which requires further optimization of the epitaxial material, for example growth on a 

buffer layer with a low dislocation density and small lattice mismatch.  
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6.4. Conclusion 

In conclusion, UVB emission of up to 4.045 eV is reported from high Al 

composition (y = 0.40 - 0.49) InxAlyGa(1-x-y)N thin films synthesized by rf-PAMBE. 

Structural and morphological characterization showed that film relaxation decreased 

with increasing In incorporation as expected. The RTPL intensity increased with 

increasing x, while the Stokes shifts remained relatively constant, suggesting that over 

this In composition range (0.01 < x < 0.05), radiative recombination at localization centers 

introduced by In competes with non-radiative recombination at centers associated with 

dislocations. A high Al content (y > 0.4) MQW structure with quaternary InxAlyGa(1-x-y)N 

as active layers was synthesized by PAMBE. Room temperature UVB photoluminescence 

was enhanced by an order of magnitude compared to an InxAl yGa(1-x-y)N thin film of comparable 

composition and thickness.  Simulations suggest that the UVB emission efficiency is limited by 

dislocation-related non-radiative recombination in the MQWs as well as at the interface with the 

buffer. Further improvement involves reducing the dislocation density from ρπͯ ρπὧά  to 

ρπͯ ρπὧά , optimization of the quantum well width and depth, and replacing the GaN buffer 

layer with unstrained AlGaN of comparable Al content. 
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7. Conclusions  

In conclusion, novel III-Nitride structures such as lattice matched InAlN barriers, 

GaN on very thin AlN buffer layers, graded composition InGaN buffers and InAlGaN 

MQWs are synthesized using PAMBE. The structural and optical properties of these 

structures are investigated.  

InAlN thin films show different degrees of nanocolumnar microstructure based 

on the growth conditions. We demonstrate the quantitative characterization of InAlN 

nanocolumnar microstructure with HRXRD. The development of the nanocolumnar 

microstructure is dependent on growth temperature.  Further, room temperature PL is 

observed from InAlN thin films possessing nanocolumnar microstructure. The large (~1 

eV) Stokes shifts observed were likely caused by  composition modulation that produces 

carrier localization within the nanocolumnar microstructure.  

The deposition of GaN is shown to alter the strain state of the underlying thin 

AlN template (20 nm ~ 30 nm). The in-plane lattice constant of the AlN is found to 

increase upon growth of GaN, giving rise to a more relaxed GaN epitaxial layer. Hence 

the GaN epitaxial thin films possess better structural quality particularly with lower 

screw dislocation density and flat surfaces.  

Graded-composition InxGa(1-x)N thin films with compositions increasing from x = 

0 to x = 0.3 were synthesized on GaN. Results show an increased compressive residual 
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strain at the surface with decreased grading rate, due to the suppression of relaxation 

and dislocation formation. In addition, simultaneous grading of both the substrate 

temperature and Ga flux allows a higher growth temperature and a relatively smooth 

surface. With reduced dislocation density, strong photoluminescence response, and high 

electron mobility, graded-composition InGaN layer has the potential to be used as a 

buffer layer enabling the growth of high In-composition InGaN for optoelectronic 

applications. 

We demonstrate the UVB emission of up to 4.045 eV from high Al composition (y 

= 0.40 - 0.49) InxAlyGa(1-x-y)N thin films. The RTPL intensity increased with increasing x, 

while the Stokes shifts remained relatively constant, suggesting that over this In 

composition range (0.01 < x < 0.05), radiative recombination at localization centers 

introduced by In competes with non-radiative recombination at centers associated with 

dislocations. Further, a high Al content (y > 0.4) MQW structure with quaternary 

InxAlyGa(1-x-y)N as active layers was synthesized. Room temperature UVB 

photoluminescence was enhanced tenfold compared to an InxAlyGa(1-x-y)N thin film of 

comparable composition and thickness. A numerical simulation suggests that the UVB 

emission efficiency is limited by dislocation related non-radiative recombination in the 

MQWs as well as at the interface with the buffer. Further improvement involves 

reducing the dislocation density from ρπͯ ρπὧά  to ρπͯ ρπὧά , optimization of 

the quantum well width and depth, and replacing the buffer layer to unstrained AlGaN 

of comparable Al content. 
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